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Editorial

rom the dawn of early civilizations, the discovery
of metals has played a pivotal role in shaping the

course of human history, creating new revolutions

along the way. Metals have played a foundational

role in human development right from the creation

of early metal tools and weapons to advancement of
agriculture, construction and transport — ultimately
forging the path to today’s modern society. Each

era, starting with the Gold, Bronze and Iron Ages,
advanced our fundamental knowledge and has led

us to discovering newer alloys along with innovative
techniques to produce stronger and more customized
materials. By the mid-20th century, all of the metals in
the sub-transuranic periodic table had been discovered
and several of their alloys with increasingly remarkable
properties had been created.

However, prominent breakthroughs in the field of
metallurgy and materials science began when early
researchers started investigating why metals and alloys
fail in certain ways. The pursuit of understanding
materials to make them stronger, lighter and more
reliable, unravelled the fact that there is a deep-
rooted connection between the microstructure,
properties, processing and performance of any given
material. In parallel to the materials discoveries
taking place, significant scientific breakthroughs in
imaging using light, electron and X-rays paved the
way for characterizing materials down to their atomic
arrangements and enabling the study of materials in
ways never before possible; microscopy would soon
become the centrepiece of materials science.

More recently, with the synergies of technologies such
as machine learning and advanced manufacturing
methods such as 3D additive manufacturing, far more
complex materials can be explored. Today’s metals
research is propelled by the requirement to adapt the
world to a low carbon economy, free of fossil fuel
pollution. This paradigm shift requires stronger, lighter
and more durable alloys and advanced steels to lead us
into the middle of the 21st century and beyond.

This booklet aims to give you an overview of recent
achievements in engineering materials research. A
brief introduction details some advanced microscopy
techniques from ZEISS and their specific benefits

for your research. This is followed by a selection of
peer-reviewed articles from various Wiley journals,
condensed into a digestible format with links to the
original article DOls.

In a concluding interview, Dr Kaoru Sato from JFE-
Techno-Research Corporation shares his views on
current challenges and future developments in
microscopy applications for engineering materials,
particularly in metals and alloys.

Dr Benjamin Tordoff
Head of Materials Science Sector
ZEISS Research Microscopy Solutions

Dr Hrishikesh Bale
Market Solutions Manager
ZEISS Research Microscopy Solutions
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Introduction

ew stronger, tough, durable, lightweight and fracture-resistant materials open doors to new technologies,
whether it is in the applications of high-speed air or ground transportation, long lasting and economical con-
struction, safe nuclear installation, or more advanced space exploration technologies. Designing and devel-

oping the engineering materials for tomorrow’s innovation challenges demands an ever-better understanding of the
complex connections between processing, properties and the underlying structures that, collectively, influence how a

material performs and why it might fail.

The demands for materials to meet a variety
of structural needs has spawned advance-
ments in an assortment of fields including
advanced alloys with exceptional corrosion
resistance, high temperature performance,
fatigue and fracture resistance and high
strength-to-weight ratio composite struc-
tures.

Developing and improving these types of
engineering materials takes a detailed under-
standing of the connections between pro-
cessing, structure, performance and prop-
erties throughout the material’s life cycle.
This is even more important as advanced
technologies such as additive manufacturing

become increasingly prolific and more com-
plex. Microscopy characterization techniques
are central to this paradigm, enabling obser-
vation of the microstructure of any given
material revealing its grain structure, crys-
tallographic texture, phases and phase tran-
sitions, inclusion and impurity distributions,
and surface finish.

Among all of the engineering materials
classes, metals and alloys present the widest
range of properties that can be highly tai-
lored through processing as per the appli-
cations needs, for example strength, hard-
ness, malleability, good electrical and ther-
mal conductivity, and corrosion resistance.

Grains and phases

Commercial metal alloys attempt to combine
beneficial mechanical, electrical or chemical
properties in order to create metals more
useful for particular applications than any
of their component elements. Some of the
key characteristics of metals that make them
an attractive and sought after engineering
material are the ease of production, avail-
ability, scalability in production, recyclability
and most importantly the ability to control
properties through processing and micro-
structure control.

In contrast to traditional development
approaches in metals and alloys, present day
research engages significantly in engineer-
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Fig. 2: (a) Light microscopy image of a pure magnesium sample using polarization contrast shows the structural anisotropy; (b) po-
larization contrast light microscopy image from a Barker etched anodized AINi3.5 sample, (c) ferrite and pearlite phase in steel im-
aged using light microscopy and quantitatively analyzed, (d) laser polished surface of stainless steel test piece. 3D view of colour-
coded height map shows surface texture of areas with different process parameters, (e) non-destructive 3D rendering of crack net-

works formed due to corrosion fatigue in the shank section of a load-bearing steel bolt (XRM), (f) 3D grain map of an Al-dwt%Cu
sample with gauge section dimension of (length) 1.25 mm, (width) 1.0 mm and (thickness) 0.5 mm. Sample scanned using Lab
based Diffraction Contrast Tomography (LabDCT), (g) volumetric rendering of a 3D printed Ti-6Al-4V screw (top). Blue dotted line in-
dicates cross-sectional view from a region of interest scan, (bottom) reveals local microstructure and defects such voids and unsin-
tered powder particles; (h) 3D volumetric rendering of sintered CoCr particles. The consolidated bulk after sintering and portions of
unsintered powder can be observed, (i) 3D rendering of a reconstructed nanoscale X-ray tomography dataset obtained from a

Zn-Mq spiral eutectic sample.

ing the microstructure in order to enhance
mechanical, thermal and electrical proper-
ties. Using data-guided precise control of the
grain size, engineering the grain boundar-
ies and distribution of precipitates and con-
trolling the presence of inclusions, voids and
other defects, remarkable improvements
in the properties of traditional metals and
alloys can be achieved. At the heart of engi-
neering such complex materials lie material
characterization techniques.

As shown in Figure 1, the microstructure
of any metal or alloy encompasses diverse
features ranging from surface roughness,
pits and cracks; grain characteristics (size,
crystallographic orientation and morphol-
ogy), texture, twinning, voids, inclusions and
precipitates at the 10-100 pm range; and
ultimately nanoscale features such as dislo-
cations, nano-precipitates, lattice defects,
crack initiation sites and nano-crystalline
grain features. Such a detailed microstruc-
tural evaluation drives the need to include
several microscopy techniques providing dif-
ferent imaging modalities, each revealing
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uniquely important pieces of information.
The mechanisms that individually contribute
to strength, toughness and other important
properties can originate from very different
length scales in a material's structural archi-
tecture and it is very important to capture
their interplay in their native state. This has
led to the emergence of correlative micros-
copy approaches that combine information
gathered from various modalities at differ-
ent length scales, enabling researchers to
gather comprehensive information for a
given material system.

Understanding impact of macroscale
features on material properties and
performance

At the macroscale, materials insights related
to geometric defects, surface roughness,
cracks, voids and inclusions can be char-
acterized effectively using light and X-ray
microscopy methods (Figure 2). Through a
variety of modes including brightfield, dark-

field and polarization contrast, light micros-
copy can generate a wealth of informa-
tion readily on metals samples. While light
microscopy provides rapid information from
the surface over a wide area, X-ray methods
enable peering into the sub-surface non-de-
structively delivering three-dimensional (3D)
information on complex microstructural fea-
tures such as crack networks, void distri-
butions, etc. With advances in diffraction
contrast tomography, 3D crystallographic
grain characterization is now possible. This
non-destructively delivers information on
grain size, morphology and orientations,
which provides an early macroscale overview
of the sample before needing further high
resolution insights from some of the elec-
tron microscopy techniques. With its ability
to capture the microstructural information
in 3D in a single snapshot, X-ray micros-
copy methods are particularly best suited for
new-age manufacturing methods such as 3D
printing where structural parts with an ever
increasing material and structural complex-
ity are being produced. Recent advances in



X-ray microscopy now enable 3D nanoscale
microstructural characterization, providing
information on nanoprecipitates, eutectic
microstructures, etc.

Comprehensive characterization
from micro- to nanoscale

Electron microscopy techniques have
become an integral part of materials char-
acterization workflow and to many research-
ers the scanning electron microscope (SEM)
is the go-to ‘Swiss-knife’ among all of the
characterization techniques. SEM provides a
unigue opportunity for characterizing mate-
rials from micron to sub-nanometer scale,
through a variety of imaging modalities,
all on a single imaging platform. Offering
the flexibility to augment imaging with a
wide-ranging detector probe landscape,
an SEM instrument readily delivers critical
information related to chemical makeup,
crystallographic microstructure (Figure 3)
and phase identification. Within the area
of metals and alloys analysis, an SEM can
quickly deliver qualitative as well as quanti-
tative information on inclusions, precipitates
and other morphological features. Advanced
detector technology with improved second-
ary and backscattered electron imaging per-
formance, along with highly refined electron
beam column designs, supports combining
information from multiple detectors, deliv-
ering exceptional contrast that can discern
crystal defects, crystal orientations, and sub-
grain information such as twinning and slip
band formations (Figures 4 and 5).

Surface characterization of fracture at
high resolution delivers information neces-
sary for the determination of the fracture
mode and in the analysis of crack propa-
gation, successively enables researchers to
study the relationship between microstruc-
ture and fracture resistance. These method-
ologies are an integral part of the root cause
analysis workflows used to study structural
failures of critical parts used in engineer-
ing applications. Furthermore, these imag-
ing modalities can also be combined with in
situ imaging for microstructure characteri-
zation during deformation.

A gamut of modalities to assess
grain characteristics and deformation
behaviour

In addition to the core modality of electron
backscattered imaging, additional probes
enable other important measurements that
are highly essential to metals and alloys
research. Energy dispersive X-ray spectros-

Fig. 3: Scanning electron microscopy
(SEM) delivers extremely high contrast of
crystal orientations and defects in the
high temperature alloy TiAl,. TiAl, is an
alloy of intermetallic compounds with
lower density and superior oxidation re-
sistance. The image is taken with the
AsB detector at 15 kV. The presence of
crystal defects and the preferential crys-
talline orientations observed in such im-
ages may be correlated with improved
desired mechanical properties.

Fig. 4: Advanced alloy material imaged
at 3kV in HV mode. This advanced alloy
material reveals a tungsten core materi-
al surrounded by a steel matrix when
imaged with Inlens Duo in BSE mode at
low voltage.

Fig. 5: Channeling contrast imaging of dislocation networks in highly deformed stain-
less steel. The sample is imaged at 30 kV electron beam energy. (a) Strong crystalline
orientation changes within the grains. (b) Dislocation networks formed by the defor-
mation.

©

Fig. 6: Particulate contamination is an important aspect of technical cleanliness.
Multi-modal SEM imaging of a contamination particulate provides: (a) elemental com-
position though EDS mapping, (b) and (c) morphological details through backscattered
electron microscopy and light microscopy, respectively.

Engineering Materials: Metals and Alloys
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Fig. 7: (a) High resolution serial section FIB-SEM tomography (8 nm/voxel) from a correlative microscopy experiment to study the
process of intergranular corrosion observed in a magnesium alloy. Sample courtesy of the University of Manchester; (b) 3D FIB-SEM
tomography data on the precipitate distribution in aluminum 7075 alloy. The 3D data provides quantitative information on the spa-
tial distribution of precipitates with respect to the grain boundaries. Sample courtesy of Prof. N. Chawla, Purdue University.

copy (EDS) enables a highly detailed and
correlated chemical analysis of precipitates
and inclusions (Figure 6). Understanding
of the chemical makeup and distribution
of the inclusions and precipitates enables
metallurgists to modify the materials pro-
cessing route and chemistries and fine tune
the properties and performance of a metal
or alloy system.

The electron backscattered diffraction
(EBSD) technique brings an exceptional
capability to electron microscopy by allow-
ing the measurement of grain size, crystal-
lographic orientation, texture, and grain
boundary character distribution with a suf-
ficiently high resolution down to 10 nm.
EBSD enables material characterization at
different length scales providing information
on a number of key microstructural charac-
teristics. Since the mechanical properties of
metals and alloys are strongly coupled to
several microstructural aspects such as the
size, shape, and distribution of grains, the
presence of texture, grain boundary charac-
ter, and also the grain boundary plane dis-
tribution, EBSD is one of the prime char-
acterization methods used in the study of
metals and alloys.

The knowledge of the distribution of lat-
tice defects such as dislocations and stack-
ing faults within grains and their location
with respect to grain boundaries and ori-
entations offers key insights into the defor-
mation behaviour and fracture properties
of metals and alloys. Electron channelling
contrast imaging (ECCI) is the adaptation
of scanning electron microscopy to directly
observe the lattice defects quantitatively
using electron channelling along crystal
planes. The technique can also be combined
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with in situ deformation of metals samples
to make direct observations of the forma-
tion of dislocation networks under the influ-
ence of mechanical loads and elevated tem-
peratures.

Precise, high-throughput cross-sec-
tioning for high-resolution sub-sur-
face microstructural characterization

Site-specific characterization using a suitable
probing modality is extremely important in
order to isolate and understand many of the
underlying mechanisms that operate at the
microstructural length scale. The first step
in such a study is to precisely target a fea-
ture of interest, for example, a unique void
feature, a precipitate located along a certain
grain boundary or a specific grain boundary
with unique boundary surface characteris-
tics. Focused ion beams (FIB) offer the excel-
lent capability of precise sectioning to reveal
the sub-surface features, while maintain-
ing a virtually deformation free microstruc-
ture. Thin serial sectioning using FIB milling
combined with standard live SEM imaging
(Figure 7) or a combination of EDS or EBSD
imaging (Figure 8) enables high resolution
multichannel 3D tomography focusing on
specific sub-surface sites. This facilitates the
investigation of grain boundary interactions
with precipitates, influence of grain orien-
tation and grain boundary surface on the
material properties such as fracture tough-
ness, corrosion, thermal and electrical prop-
erties in metals and alloys. More recently
even more massive material removal, at least
three orders of magnitude more than tradi-
tional FIB milling has been made possible by

Fig. 8: Laser-polished sample surfac-
es produce satisfactory EBSD grain
maps without the need for Ga-FIB
polishing steps in cases where a
quick overview of a large area of the
sample is sufficient. For deeper anal-
ysis and high resolution grain maps,
a region of interest can be selected
from the overview EBSD maps and
used to run high resolution grain
mapping after gallium polishing.

incorporating femto-second lasers on the
FIB-SEMs. This new rapid milling capability
enables high throughput characterization
of larger sample areas or deeper regions of
interest (Figure 8).



Effects of Initial & Phase on Creep
Behaviors and Fracture Characteristics
of a Nickel-based Superalloy

Lin YC, Yin L-X, Luo S-C, He D-G, Peng X-B

Literature review on creep behaviour
of Ni-superalloys

Nickel-based superalloys are predominantly
used in structural components such as tur-
bine blades, guide vanes, and turbine discs
with service temperatures near to or above
700°C. Particular attention is given to the
creep properties at elevated temperatures
while designing these components. The
creep behaviour of Ni-based alloys involves
time-dependent plastic deformation with
varying stresses, and noticeable creep
deformation with an increase in tempera-
ture and stress leading to crack formation
and growth. Therefore, many researchers
have attempted to understand the creep
behaviour and related fracture mechanisms
of different Ni-based alloys, for example,
FGH97, superalloy reinforced with HF car-
bides, Rene N4, GH4169, Inconel-713C, Inc-
onel 718, Allvac 718Plus, etc.

It has been found that Inconel 718 with
d phase on the grain boundaries has a high
creep rate, whereas size of y" precipitate
determines the steady-state creep rate. The

creep resistance can be enhanced by the
presence of y' and y" precipitates via double
ageing heat treatment. The combined effect
of localized necking and microvoid coales-
cence leads to the intergranular fracture,
which is the main failure mode for Inconel
718. Micro-twinning is observed as a domi-
nant creep deformation mechanism in Allvac
718Plus. The focus of the study here aims at
furthering our understanding of the influ-
ence of the 8 phase on high temperature
creep and fracture behavior of nickel-based
superalloys. Different volume fractions of ini-
tial & phases are obtained via double ageing
treatments followed by uniaxial creep ten-
sile tests conducted at elevated tempera-
tures, which are used to analyse the effects
of initial 8 phase on the creep features and
fracture mechanism of GH4169 superalloy.

Experimental details
The cylindrical creep samples of 50 mm

gauge length and 10 mm diameter were
made according to I1SO 204:2009 from a

Table 1: The detailed ageing treatment procedures

Case ID Ageing treatment processing

1 720°C x 8h/FC + 620°C x 8h/AC

2 900°C x 2h/AC + 720°C x 8h/FC + 620°C x 8h/AC
3 900°C x 4h/AC + 720°C x 8h/FC + 620°C x 8h/AC
4 900°C x 8h/AC + 720°C x 8h/FC + 620°C x 8h/AC
5 900°C x 16h/AC + 720°C x 8h/FC + 620°C x 8h/AC

Note: AC indicates the air cooling to the room temperature, while FC represents

the furnace cooling to 620°C at 50°C h-'.

GH4169 superalloy. After solution treatment
at 1040°C for 45 min, samples were further
aged with five different treatments (shown
in Table 1) to understand the influence of
initial & phase on the creep features and frac-
ture behaviour. For the uniaxial creep exper-
iments, the samples were heated to 670°C
and soaked for 20 min to ensure homoge-
neous temperature distribution. The tests
were conducted on the MTS-GWT2015 test
machine with applied stress of 700 MPa and
the creep strain was measured through the
averaging extensometer system. The initial
microstructures of etched samples were
observed using optical microscopy and the
morphologies of creep-ruptured specimens
were examined using a ZEISS-EVO-M10
scanning electron microscope.

Microstructures after solution and
ageing treatments

Figure 1 shows the microstructure of the
etched samples. Fine equiaxed grains, clear
grain boundaries, and annealing twins can
be observed in case 1 (Figure 1a), whereas
presence of a small amount of § phase pre-
cipitate is observed at the twin boundaries
and grain boundaries for case 2 (Figure 1b)
and case 3 (Figure 1c). For case 4 (Figure 1d),
short rod-like  phases are observed at twin
boundaries and grain boundaries, whereas
few of the spherical § phases appear within
grains. The volume fraction of & phases sig-
nificantly increases for case 5 (Figure 1Te),
where long needle-like § phases precipitate
from the matrix.

Image-Pro Plus 6.0 software has been
used to calculate the volume fraction of
initial & phase in each case and the aver-
age volume fraction is statistically measured
as 1.62%, 2.56%, 4.56%, and 10.8% for
cases 2, 3, 4, and 5 respectively. Almost no
& phase is observed for case 1. The precip-
itation process of & phase is typically diffu-
sion-controlled and thus longer ageing time

Engineering Materials: Metals and Alloys 9
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Fig. 2: Creep properties of the aged superalloy: (a) creep rupture time;
(b) elongation to fracture; (c) minimum creep rate
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can provide enough energy and duration for
the nucleation and growth of 8 phase. So,
the volume fraction of the initial & phase
increases with ageing time, and its distribu-
tion becomes uniform.

Creep behaviour of the aged
superalloy

The aged superalloys show three distinct
creep stages — primary, steady-state, and
accelerating stages. With an increase in
creep time, the creep rate rapidly decreases
to a minimum, followed by either a steady-
state or a rapid increase. The initial decrease
of creep rate is associated with the rapid
increase of dislocation density as a result of
work hardening. During steady-state creep,
the accumulation of void or crack damage
and coarsening of the second phase weak-
ens the creep deformation resistance. The
increased creep rate is due to the aggrega-
tion of the creep micro-voids and the reduc-
tion of effective bearing area.



The variations of creep rate with creep
time are not significant for cases 1-3, when
ageing time is short but becomes very dis-
tinct for cases 4 and 5. Figure 2 shows the
creep properties of the aged superalloy
including creep rupture time, elongation to
fracture, and minimum creep rate. The creep
rupture time (Figure 2a) initially increases to
a maximum value (about 54 hours), followed
by a rapid decrease. This is attributed to the
compact grain structure in cases 1-3 (Figure
1a—c), which effectively delays the initiation
and propagation of micro-cracks along the
grain boundaries in the early creep stage
leading to higher creep rupture time.

No obvious changes in the elongation to
fracture are observed for cases 1-3, whereas
it sharply increases for case 4 and falls for
case 5 (Figure 2b). The volume fraction of
d phases at the grain boundaries gradually
increases from case 3 to case 4 (Figure 1c,
d), thus promoting the pinning effect of the
initial  phase on grain boundary sliding for
case 4 over case 3. The presence of 8 phases
at grain boundaries further benefits the duc-
tility and toughness.

When minimum creep rates of differ-
ent aged superalloys are considered, the
strong presence of coherent y" phases and
the occasional presence of § phases at the
grain boundaries lead to relatively low min-
imum creep rates for cases 1-3 compared
with cases 4 and 5 (Figure 2¢). The presence
of & phase accelerates the creep deforma-
tion at the early creep stage and increases
the minimum creep rate, which in turn grad-
ually decreases the time to 0.2% and 0.5%
creep strains with increased ageing time at
900°C. But the presence of a large num-
ber of needle-like & phases deteriorates the
creep properties particularly for case 5.

Fracture morphologies and fracture
mechanisms

Figure 3 shows the SEM images indicat-
ing fracture surface morphology of the
creep-ruptured specimens. Case 1 shows
smooth fracture characteristics with rock-
candy-block morphology, where long and
large wedge cracks propagate along the
grain boundaries indicating typical inter-
granular fracture (Figure 3a, b). Similar fail-
ure modes are observed for both case 2 (Fig-
ure 3¢, d) and case 3 (Figure 3e, ), but the
wedge cracks appear smaller with increase
in ageing time at 900°C. For case 4, non-uni-
formly distributed thin shallow dimples and
some bright white tearing edges appear in
the fracture surface indicating a typical duc-
tile intergranular fracture mode (Figure 3g,
h). Presence of facets and small cracks in the

Thin and
shallow dimple

o)

Fig. 3: SEM fractographs of creep-ruptured nickel-based superalloy under:
(a,b) case 1, (c,d) case 2; (e,f) case 3, (g,h) case 4; (i,j) case 5

Engineering Materials: Metals and Alloys 11



fracture surface of case 5 denotes typical
intergranular cleavage fracture (Figure 3i, j).

This failure behaviour can be explained
by their respective microstructures. The dis-
persive presence of y' and y" precipitates
strengthens the grains in a transgranular
direction. The grain boundaries parallel to
the external stress are easy to slide but tend
to crack when they are perpendicular to the
external stress. High temperature acceler-
ates the diffusion rate of atoms along the
grain boundaries, which in turn decreases
the resistance to deformation. The grain
boundary sliding therefore occurs easily
when long-term external stress is applied.
Cases 1-3 have smooth and straight grain
boundaries with fewer & phases (Figure 1a
- 0), so the boundaries can slide easily in
the later creep stage leading to the elonga-
tion to fracture to less than 2% (Figure 2b).
Moreover, the length and width of cracks
are gradually reduced with the increase in
ageing time from 0 hours (case 1) to 4 hours

Digest of

(case 3), and the pinning effects of & phase
are strongly relieved when the ageing time
is increased to 8 hours. A plastic deforma-
tion zone is formed when the strength-
ening element (Nb) in y" phase near the
grain boundary is consumed resulting in a
straightaway increase in ductility and there-
fore elongation to fracture. Particularly for
case 4, the elongation to fracture reaches
11% and the ductile intergranular fracture
becomes the failure mode. When the age-
ing time is further increased to 16 hours,
a large number of needle-shaped & phases
at the grain boundaries weaken the bond-
ing strength and accelerates the initiation
and expansion of cracks at grain boundar-
ies. Therefore, a reasonable initial & phase
hinders grain boundary sliding and enhances
the elongation to fracture, whereas exces-
sive initial & phase reduces the creep resis-
tance of the aged superalloy, and accelerates
the failure process.

Summary

The influence of initial 8 phase on the creep
features and fracture behaviour of GH4169
superalloy is studied. With an increase in the
volume fraction of initial 8 phase, the mini-
mum creep rate increases, while the rupture
time and elongation to fracture show initial
increase followed by decrease. A reason-
able amount of initial & phase at the grain
boundaries improves creep ductility and pro-
longs creep rupture time. The failure mode
changes from a typical intergranular frac-
ture to the mixed fracture pattern of duc-
tile intergranular and cleavage fracture with
increasing volume fraction of initial & phase.
A good creep property with accepted mor-
phology and content of initial & phase has
been obtained by the double ageing treat-
ment at 900°C for 4 hours.

Lin YC, Yin L-X, Luo S-C, He D-G, Peng X-B; Effects of initial d phase on creep behaviors and fracture characteristics of a nickel-based superalloy;

Advanced Engineering Materials 2018, 20, 1700820.
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Ultrastrong and Ductile Soft Magnetic
High-entropy Alloys via Coherent Ordered
Nanoprecipitates

Han L, Rao Z, Filho IRS, Maccari F, Wei Y, Wu G, et al.

Introduction

Soft magnetic materials (SMMs) have high
demand in electrical power generation,
transformation, and sensor industries due
to their high saturation magnetization (M),
permeability, resistivity, low coercivity (H.),
and core losses. Under high mechanical
loads, SMMs typically require excellent soft
magnetic performance, high strength and
good ductility. Several SMMs show a good
combination of strength and soft magnetic
properties, but their brittleness and dimen-
sional restrictions often limit the application.
Many studies have already addressed the
excellent mechanical, thermal, electrical, and
magnetic properties of high-entropy alloys
(HEASs), among which ultrafine-grain FeCoN-
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-

Intensity, a.u. O

iCuUg>Sig HEA produced via melt-spinning
particularly shows a promising balance
between strength and soft magnetic prop-
erties at the expense of modest (~7%) duc-
tility. Most of the mechanical strengthening
approaches cause higher magnetic hysteresis
losses, therefore three different ways have
been introduced to obtain an optimal bal-
ance between strength, ductility, and soft
magnetic properties. Introducing a high vol-
ume fraction of coherent and ordered nano-
precipitates into the HEA matrix is a pos-
sible way, where nm-sized precipitates do
not interact with ~50 nm to a few pm thick
Bloch walls in soft magnetic materials. The
other two routes to maintain a good com-
bination of mechanical and soft magnetic
properties are the incorporation of coher-

ent precipitates into the alloy matrix and
increasing the degree of super-lattice order-
ing in a nanocrystalline alloy. In this study,
the first route has been implemented with
a non-equiatomic Fezs_3C030.43Niz0s3TasAl
(x=3,5,7 at%) HEA system, where ferromag-
netic elements (Fe, Co, Ni) form a strong
and ductile magnetic matrix, and non-fer-
romagnetic elements (Ta, Al) are likely to
create ordered nanoprecipitates coherent
with the matrix.

Results and Discussion
The as-cast 10-mm thick base FessCo-

30Ni30Tas (at%) HEA plates (B-HEA) were hot-
rolled at 1473K to 50% thickness reduction,

Fig. 1: Microstructure of the 7AI-HEA from micro- to
near atomic-scale, (@) XRD pattern and EBSD phase
map. The Cu Ko.2 radiation causes additional diffrac-
tion peaks, marked by the red arrows. (b) Centered
dark-field TEM image of the precipitates using the
(011) superlattice spot (see inset, highlighted by a
yellow circle). (c) HRTEM image of the nanoprecipi-
tation hardened HEA. The fast Fourier transforma-

tion (FFT) image (bottom right) acquired from the re-
gion highlighted by the yellow rectangle confirms
the fcc structure with the zone axis of [011]. By con-
trast, the white rectangle region’s FFT image (top
right) reveals a pattern with pronounced superlattice
spots. (d) 3D reconstruction map of an APT tip high-
lighting the nano-region showing the distribution of
Fe and Ni atoms. (e) 2D projection of the NI concen-
tration slice acquired from the central part of the
APT tip shown in (d). (f) Enlarged view of the groove
region showing the distribution of Fe and Ni atoms.
(g) 1D compositional profiles showing the composi-
tional changes across a selected precipitate along
the red arrow shown in the inset. Error bars in (g)
refer to the standard deviations of data points.

diere .o e Nigats) B0

——y ..""“‘. 45
9 Coil 7 Ca »

I
¢ T
g~ < 5
i
1Y
- 10 B

s
@

|~

W
o o

Compaosition, at.%
]
o

-
L]

e
15 20 25 30 35
Distance, nm

0 5 10

Engineering Materials: Metals and Alloys 13



Engineering stress, MPa

b 1800
a
2 1600+
£ 1400
o
e
@ 1200 4
n
@ 1000 |
2
O'yfﬂ'ﬂrs! TE a2 808
#1: 501 MPa/904 MPa/53.4 % -“Ef 600
#2: 952 MPa/1325 MPa/29.1 % E
#3: 1114 MPa/1485 MPa/18.4 % = 400
=]

#i4: 1202 MPa/1526 MPa/15.3 %

T T T T T 0
10 20 30 40 50 60

Engineering strain, %

& Ni-Fe alloys2?
AFe-Sialloys??
I»FeCrCo-based alloys?®
-HEA ® FeCoNi-based alloys19.25.39-4
@ FeCeNiCr-tased alloysi2-48

A |4 FeCoNibased compositet

5 ¢ This work
-
- | EA
o« I>|>- -
oﬂ? : -] .
A See Q
= a @
A A 5 ; [+ L_E_}8 .
Aa . =

10 20 30 40 50 60 70
Tensile elongation, %

L1, phase

£10.=50%

Microband

Annealing .
twin Grain

Stacking fauft boundary

Increasing local strain ‘

Fig. 2: Mechanical behaviour and deformation mechanisms of the 7AI-HEA. (a) Room temperature
tensile stress-strain curves for the B-HEA, 3AI-HEA, 5AI-HEA, and 7AI-HEA. 6,, 6yrs, and TE represent
the yield strength, the ultimate tensile strength and the tensile elongation, respectively. (b) oyrs - TE
profiles of various classes of soft magnetic materials, including the newly developed soft magnetic
HEAs investigated in this work. (c) Electron channeling contrast imaging analysis revealing the evolu-
tion of the substructure in the 7AI-HEA with increasing local strain during tensile deformation;, the
distance between the parallel microbands decreases with increasing local strain. (d) HRTEM image of
a region of g, = 50% showing that the L1, nanoprecipitates have been sheared by nano-spaced
stacking faults (SFs); the inserted FFT pattern confirms the ordered structure of the nanoprecipitates
in the fcc matrix. (e) Schematic illustration of the micro-processes in the precipitate-containing HEAs
during plastic straining.

followed by 10-min homogenization at the
same temperature and water quenching.
The homogenized Fess.,;3C030./3Nizg3Ta-
sAl, HEAs containing 3at%, 5at%, and
7at% Al are termed as 3AI-HEA, 5AI-HEA,
and 7AI-HEA respectively. Figure Ta shows
the FCC matrix of 7AI-HEA with an average
grain size of 65.3+10.3 um, whereas B-HEA
shows a single FCC phase structure having
64.8+9.8 um average grain size as revealed
by XRD and EBSD analyses. The microstruc-
ture of 7AI-HEA was further characterized
by atom probe tomography (APT) and TEM.
Figure 1b shows the dark-field TEM image of
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the homogeneously distributed nanoprecip-
itates with an average size of 13.5+2.5 nm.
Figure 1c shows an HR-TEM image, where
the fast Fourier transformation (FFT) pattern
acquired from a nanoprecipitate reveals an
ordered structure. Figure 1d shows a 3D
reconstruction map of an APT tip highlight-
ing the nanoprecipitates, where the average
volume of near-spherical L1, nanoprecipi-
tates (2294+125 nm3) is found below the
critical size for the sphere-to-cuboid shape
transition based on Khachaturyan’s theory.
Figure 1e shows a cross-sectional 2D projec-
tion of the Ni concentration slice acquired

from the APT tip’s central part. Two repre-
sentative precipitate/matrix interfaces indi-
cated by the blue dashed square are cho-
sen for further characterization and the
enlarged views in Figure 1f prove Ni and Fe
enrichments in the precipitates and matrix
respectively. Figure 1g shows 1D composi-
tional profiles acquired across a selected pre-
cipitate, where Ni, Ta, and Al are preferen-
tially partitioned into the L1, nanoprecipi-
tates. These profiles show a stoichiometry
of Niy,Co,4Tag,Al 1 Feg (at%), whereas the
FCC matrix holds a Fe-Co-rich composition
of Fes;CosoNiysAlgTa, (at%). The chemical
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Fig. 3: Soft magnetic behaviour of the HEAs and associated Bloch wall pinning mechanisms.

(a) Hysteresis loops acquired up to + 10 000 Oe at room temperature. (b) Hysteresis loops measured at a
fine step size of 2 Oe per second, showing the coercivity of the alloys. (c) Growth of the magnetic domain
structure in the 3AI-HEA and 7AI-HEA, imaged by Kerr-microscopy, under external magnetic fields. (d))
Yield tensile strength-coercivity profiles of the investigated soft magnetic HEAs compared to those of oth-
er soft magnetic materials, such as NiFe, Cofe, SiFe, Fe, and established HEAs. (e) Plot of the temperature
dependence of the saturation magnetization of the investigated HEAs.
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compositions of the FCC matrix and the L1,
phases derived and averaged from several
APT sub-volumes indicate that an increase in
global Al content leads to repetitive enrich-
ment of Fe and Al in the FCC matrix, while
Ni, Ta, and Al are preferentially partitioned to
the L1, phase. On the other hand, APT mea-
surements reveal the absence of nano-seg-
regation at near atomic-scale for B-HEA and
randomised elemental distribution with an
overall composition of Fes, 7C030 ,Nizg3Tas g
(at%).

The representative tensile stress-strain
curves of the investigated HEAs are shown
in Figure 2a. B-HEA has a relatively low yield
strength (6,=501 MPa) and high tensile elon-
gation (TE=53.4%) as compared to 7AI-HEA
(6,=1202 MPa, TE=15.3%). Moreover,
7Al-HEA shows a pronounced work-hard-
ening behaviour during plastic straining.
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Figure 2b shows os—TE profiles of several
HEAs. Electron channelling contrast imag-
ing (ECCI) and TEM were used to investigate
the deformed microstructure and to under-
stand the relevant deformation mechanisms
at various local strain (g,,) levels. Figure 2c
shows the evolution of deformation sub-
structures developed in the HEAs during ten-
sile straining. Microbands consisting of high
dislocation densities are formed at the early
deformation stage (g,,=5%) and significant
dynamic microband refinement behaviour
is observed with increasing Al content. For
example, the mean distance between paral-
lel microbands has reduced from 735+251
nm to 163+35 nm for 7AI-HEA when g,
increases from 30% to 50%. These results
confirm dynamic microband refinement as
the primary strain-hardening mechanism.
Figure 2d shows the HRTEM image of a

region at g,=50%, where L1, nanoprecip-
itates have been sheared by a stacking fault
(SF). Figure 2e schematically illustrates the
strengthening mechanisms of such HEAs
activated during deformation.

Vibrating sample magnetometry (VSM)
was used to measure the HEAs' magnetic
responses. Figures 3a and 3b show the Ms
and Hc values from the magnetization curves.
Increasing the (Fe+Co+Ni)-to-Al ratio linearly
increases Ms values and slightly increases
the Hc values from 3AI-HEA to 7AI-HEA (8.6
Oe to 10.7 Oe) indicating the investigated
HEAs falling into the soft magnetic materi-
als category. Figure 3c shows the magnetic
domain structure growth in 3AI-HEA and
7Al-HEA under externally applied magnetic
fields using magneto-optical Kerr-micros-
copy. The average magnetic domain width
(Wep) of 3AI-HEA and 7AI-HEA are found as



23.5+5.8 ymand 12.3+2.3 pm respectively,
which are smaller than the average grain size
of ~65 pm. Electrical Fe-Si steels with com-
parable Wy show similar behaviour, which
is attributed to the Al/Si enrichment within
the matrix that changes the magnetic anisot-
ropy constant of the matrix and domain wall
energy, eventually leading to a variation in
the domain size. The magnetic anisotropy
is also impacted by the nanoscale chemical
heterogeneity associated with nanoprecip-
itation and contributes to the refinement
of magnetic domains and increased coer-
civity. The Bloch walls” movement under dif-
ferent applied magnetic fields is indicated
by the yellow dashed area, which shows
relatively smooth domain growth and con-
firms no notable magnetic pinning forces by
coherent nanoscaled L1, precipitates on the
domain walls" movement. Figure 3d shows
6, versus Hc plot to establish a useful com-
bination of HEAs’ mechanical and magnetic
properties. They demonstrate excellent o,
and oy values and good Hc outperforming
other SMMs. Figure 3e shows the tempera-
ture dependence of Ms up to 873K indicat-
ing good temperature resistance, which is
further attributed to the high thermal sta-
bility of the L1, phase along with the Fe-Co-
rich matrix.

Figure 4a shows the statistical volume
distribution of the L1, precipitates in the
Al-HEAs obtained from APT data sets.
The average volume of nanoprecipitates
increases from 168+27 nm?3 (3AI-HEA) to
22944125 nm?3 (7AI-HEA). Figure 4b shows
the XRD analysis indicating an increase in the
volume fraction of the L1, precipitates and
the corresponding lattice misfit with increas-
ing global Al content. As lattice strain at the
coherent interface can exert a pinning effect
on the Bloch walls motion, thus 4D-STEM
was used to measure lattice strain distribu-
tion between the L1, nanoprecipitates and
the FCC matrix. Figure 4c shows the local
strain map and the corresponding STEM

Digest of

phase map for both 3AI-HEA and 7AI-HEA,
whereas Figure 4d illustrates 1D local strain
distribution along the arrows marked in Fig-
ure 4c. The estimated average strain is found
lower (-0.2% and 0.2%) for smaller pre-
Cipitate sizes (3AI-HEA), but higher (-0.2%
and 0.5%) for larger precipitates (7AI-HEA).

Overall, the studied HEAs contain ordered
and coherent nanoprecipitates exhibit-
ing ultra-high o, (952 MPa for 3AI-HEA,
1202 MPa for 7AI-HEA), oyrs (1325 MPa
for 3AI-HEA, 1526 MPa for 7Al-HEA) and
good TE values (15% for 7AI-HEA, 29% for
3AI-HEA). Particularly, 7AI-HEA shows a sig-
nificant increase in o, by 245% as compared
to B-HEA. This considerable improvement
in mechanical properties comes from three
different strengthening mechanisms. The
first mechanism is the massive solid solu-
tion strengthening, which arises from the
high concentrations of the multiple elements
(Fe=32%, Ni=28%, Co=28%, Al=7%, and
Ta=5% for 7AI-HEA) in the FCC matrix. This
adjusts the SF energy into a regime where
dislocation glide becomes planar. Precipita-
tion strengthening by a high volume frac-
tion of the ordered L1, nanoprecipitates and
large-sized precipitates is the second mecha-
nism. Dynamic microband refinement is the
third mechanism leading to high strain hard-
ening rates and high uniform deformation.
Besides this, the large lattice parameter of
L1, nanoprecipitates leads to a positive lat-
tice misfit beneficial for the high-tempera-
ture mechanical properties.

The HEASs retain a good soft magnetic
behaviour with high Ms (105 Am? kg~' for
3Al-HEA, 88 Am? kg~' for 7AI-HEA) and
low Hc (8.6 Oe for 3AI-HEA, 10.7 Qe for
7Al-HEA) values at room temperature. The
first mechanism explaining this behaviour
is the addition of non-ferromagnetic ele-
ments Ta and Al, which reduces the total
magnetization per formula unit and leads
to a slightly lower Ms (88 at% for 7AI-HEA
and 92 at% for 3AI-HEA). The second mech-

anism is the coercivity of SMMs controlled by
the displacement of magnetic domain walls,
which are strongly affected by the grain/
twin boundaries and incoherent phase inter-
faces. As the average grain size of HEAs and
conventional SMMs are comparable, thus
it is believed that the HEA grain boundar-
ies do not act as a deteriorating factor for
the relatively low Hc (<11 Oe) required for
the soft magnetic applications. The slightly
increased Hc observed for the AI-HEAs (Fig-
ure 3b) is mainly associated with the increas-
ing volume fraction of the L1, phase (Fig-
ure 4a) and the corresponding lattice mis-
fit (Figure 4b). Moreover, the pinning effect
on the Bloch walls movement exerted by
the precipitates is insignificant compared to
that from high-angle and twin boundaries
as revealed by the in situ observations of the
domain wall movement (Figure 3¢).

Summary

Introducing homogeneously distributed
coherent and ordered nanoprecipitates into
a non-equiatomic FeCoNiTaAl HEA system, a
good balance of strength, ductility and soft
magnetic response can be tailored. These
nanoprecipitates are formed due to the
strong interaction among Al-Ta and Al-Ni
respectively, which promotes the formation
of intermetallic phases with solid solution
variation on the sub-lattices. A good com-
bination of strength and ductility is derived
from massive solid solution, nanoprecipita-
tion and dynamic microband strengthening.
The full coherency of the ordered nanopre-
cipitates and the matrix contributes sig-
nificantly to the strength with only a slight
increase in coercivity. This alloy design con-
cept shows the development of a novel soft
magnetic material with improved mechani-
cal properties as required for the electrifica-
tion of industry and transportation.

Han L, Rao Z, Filho IRS, Maccari F;, Wei Y, Wu G, et al.; Ultrastrong and Ductile Soft Magnetic High-Entropy Alloys via Coherent Ordered
Nanoprecipitates; Advanced Materials 2021, 33, 2102139. © 2021 The Authors. Advanced Materials published by Wiley-VCH GmbH.
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The Role of Microstructural Constituents
on Strength—Ductility—Local Formability of
a Transformation-induced-plasticity-aided

Bainitic Steel

Tang S, Huifang L, Jianping Li H, Liu Z, Wang G

Introduction

High-strength steels are often used to
reduce car body weight but lack adequate
local formability, such as stretch flangeability
and bendability. Local formability is typically
guantified as the hardness ratio between
soft and hard phases, which leads to local-
ized strain affecting the micro-void forma-
tion and crack propagation. The hole-expan-
sion ratio (HER), a characterization of stretch
flangeability, depends on the strength of the
matrix and the contrast in hardness between
soft and hard phases. For example, a high
ferrite/bainite hardness ratio leads to bet-
ter hole-expansion performance, resisting
void nucleation, and crack propagation. As
a result, the transformation-induced-plas-
ticity (TRIP)-aided bainitic steels having uni-
form microstructure shows homogenous
strain distribution, and therefore a high local
ductility, before failure as compared to the
multiphase steels. In literature, both tensile
strength (TS) and total elongation (TEL) have

-

been considered to predict the local form-
ability. HER has been reported to be closely
related to TS within the range of 300-700
MPa, beyond which it has been influenced
by several factors such as yield strength (YS),
TS, coefficient of normal anisotropy, TEL,
post-uniform elongation (PEL) and reduc-
tion in area. To have a clear understand-
ing of the local formability of the TRIP-aided
bainitic steels, the austenitizing temperature
was varied to produce three different micro-
structures with different ratios of ferrite and
bainite. The microstructure, uniaxial tensile
properties, stretch flangeability, and bend-
ability was investigated and evaluated.

Experimental details

The steels with relatively high Si (1.4%)
and Nb (0.045%) were prepared as 150 kg
ingots in a vacuum induction furnace. The
ingots were hot forged into blocks and aus-
tenitized at 1200°C for 2h. A multi-pass hot

950°C/900°C/860°C

Temperature

5°C/s

120s

40°C/s

400°C, 1

Fig. 1: Schematic diagrams for continuous annealing experiments.
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rolling at 900°C followed by air cooling was
used to convert the blocks initially into the
4.5 mm plate thickness and then they were
further cold-rolled to 1.2 mm plate thick-
ness with a total of 73.3% rolling reduc-
tion. This cold-rolled plate was machined to
small specimens to understand the effect of
the austenitizing temperature via 2-step con-
tinuous annealing experiments as detailed
in Figure 1. The microstructure was inves-
tigated through EBSD and XRD analyses,
whereas the mechanical properties were
guantified via tensile test, hole-expansion
experiment, and 3-point bend test. The aver-
age TS, TEL, HER, and bending ratio (BR)
were calculated from these experiments and
correlated with the microstructural changes.

Microstructure and retained austen-
ite (RA) characterization

Figure 2 shows the optical micrographs
of the austempered samples. At 860°C, a
large quantity of pro-eutectoid ferrite (PF,
light brown) and blocky martensite/austen-
ite (M/A) islands (shown with white arrows),
located between PF and bainite colonies,
are observed (Figure 2a). The PF and blocky
M/A islands are retained till 900°C, but with
reduced quantity and refined size. Simul-
taneously, the volume fraction of the lath
bainitic microstructure is increased (Figure
2b). At 950°C, the PF finally disappears and
the microstructure becomes dominantly lath
bainite with a low quantity of tiny blocky
M/A constituents in the matrix (Figure 2c).
At lower austenitizing temperature, the PF
formation is favoured through prior austen-
ite grain size (PAGS) refinement, and accord-
ingly, the bainite transformation kinetics is
decreased. As a result, the untransformed
austenite may transform to martensite with
a part of austenite retained at room tem-
perature. Figure 3 shows the image qual-
ity map with retained austenite (RA) dis-
tribution as measured by EBSD. RA shows



Fig.2: Optimal micrographs for specimens austempered at 400°C under different austenitizing temperatures (a) 860°C, (b) 900°C,
and (c) 950°C.

mostly blocky morphology at 860°C, which
is changed to rod-like formation at 900°C
and the quantity is reduced simultaneously
up to 950°C. Both Figures 2 and 3 indicate
that the origin of the blocky RA is the M/A
islands, which are influenced by the carbon
enrichment contributed by the PF transfor-
mation and the incomplete bainitic trans-
formation. The rod-like RA is located mainly
inside the bainitic colonies.

Figure 4 shows the volume fraction of
RA (Vy) and its carbon concentration (Cy)
for different austenitizing temperatures as
measured by XRD. With an increase in the
austenitizing temperature, Vy is decreased
due to the carbon rejection from PF to aus-
tenite and the higher thermal stability of
austenite for refined PAGS. As the austenitiz-

Fig.3: Image quality map with retained austenite distribution measured by EBSD under
different austenitizing temperatures: (a) 860°C, (b) 900°C, and (c) 950°C.
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Fig.5: Relationship between austenitizing temperature and
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ing temperature reaches 950°C, the carbon
concentration of RA is slightly decreased.
The bainitic ferrite shows a lath morphol-
ogy, which is useful to entrap a part of sol-
ute carbon atoms into the high-density dis-
location areas. As a result, the surrounded
RA is enriched with less amount of carbon.

Tensile properties, stretch flangeabil-
ity, and bendability

Figure 5 shows the effect of austenitizing
temperature on mechanical properties such
as YS, TS, and TEL%. With an increase in
austenitizing temperature from 860°C
to 950°C, sharp and slight increases are
observed for YS and TS respectively, but
a noticeable decrease is found for TEL%.
The true stress-strain curves indicate a uni-

form strain increase and gradual decrease of
the strain hardening rate with the decrease
in the austenitizing temperature. Figure 6
shows the increase of both HER and BR
and the decrease of both UEL and TEL with
the increase in the austenitizing tempera-
tures. Higher HER and BR lead to higher
PEL, which delays the final fracture after
the onset of necking representing the exact
failure caused by these two local forming
processes. For similar strength steel grades,
a linear relationship is observed between
the local formability and HER, where a sin-
gle-phase microstructure corresponds to a
higher HER, and therefore higher PEL, com-
pared to a multiphase microstructure (such
as DP steel, ferrite—bainite steel, and TRIP
steel). When the difference between the fer-
rite and the hard phase is large, both HER
and PEL are reduced. A good bendability

depends on both strength-elongation bal-
ances as well as microstructural homogene-
ity. Typically, YS and TS are determined by
the hardness of the soft and hard phases
respectively, and thus, YR is calculated to
represent the hardness ratio of soft/hard
phases. Figure 7 shows a linear relationship
between YR and both HER, BR, and their
balance with TS under different austenitiz-
ing temperatures. So, PEL plays a consistent
role with YR in determining both HER and BR
by replacing the multiphase microstructures
(observed at austenitizing temperatures of
860°C and 900°C) with the uniform bainitic
microstructure (formed at 950°C austenitiz-
ing temperature).

Figure 8 shows the cross-sectional SEM
images close to the main crack after hole-ex-
pansion and bending tests during 860°C and
900°C austenitizing temperatures. Severely
deformed ferrite and large-sized voids at
the vicinity of ferrite/martensite interfaces
are observed at 860°C (Figure 8a, c). The
dominant cracking mechanism during
hole expansion is the strain incompatibility
between the soft and hard phases. A lower
ferrite/martensite hardness ratio leads to a
higher degree of strain partitioning to the
softer ferrite phase and therefore potentially
induces more damage to the matrix close to
the hard phase resulting in nucleation and
growth of the voids in these regions. On the
other hand, Figure 8b, d shows tiny cracks
among the fine bainite laths with film-like
M/RA (some RA may transform to marten-
site due to the TRIP effect during hole expan-
sion). These film-like RA may be able to
inhibit the crack propagation, however, the
large blocky RA may deteriorate the micro-
structure uniformity while transforming into
the martensite during initial local deforma-
tion. This leads to the lower HER and BR by
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Fig.7: HER, BR, TS*HER, and TS*BR versus YR.
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Fig.8: SEM morphology of cross-sectional area near the main crack after hole expan-
sion: (a) 860°C austenitizing, (b) 950°C austenitizing and bending, (c) 860°C austen-
itizing and (d) 950°C austenitizing.

early failure at the vicinity of ferrite/marten-
site interfaces through a void or crack forma-
tion. The volume fraction and the stability of
RA might influence the HER, BR, or fracture
behaviour, however that could not be quan-
titatively derived from this study.

Summary

The effect of the microstructural constitu-
ents on the microstructural and mechanical
properties of the TRIP-aided bainitic steel
and its local formability was investigated.
With a decrease in austenitizing tempera-
ture, the PF was formed due to the refine-
ment of PAGS and large blocky M/A constit-
uents appeared. With an increase in the aus-
tenitizing temperature, the blocky RA was
significantly reduced with a change in mor-
phology from blocky to rod-like and thus
it was considered as blocky RA originated

Digest of

from the M/A islands. The rod-like RA was
located mainly inside the bainitic colonies as
its formation was attributed to the carbon
enrichment contributed by the PF transfor-
mation and the incomplete bainitic transfor-
mation. The blocky RA further contributed
to the higher strain hardening rate during
initial deformation and gradual decrease of
the strain hardening rate resulting in the
higher UEL but lower PEL with a decrease
in the austenitizing temperature. Both HER
and BR showed a linear relationship with
PEL, but an opposite trend to both UEL and
TEL with a change in the austenitizing tem-
perature. Simultaneously, both HER, BR and
their balance with TS maintained a linear
relationship with YR. PEL played a consis-
tent role with YR in increasing the balance
of strength and local formability and thereby
replacing the multiphase microstructure with
uniform bainitic microstructure.

Tang S, Huifang L, Jianping Li H, Liu Z, Wang G; The Role of Microstructural Constituents on Strength-Ductility-Local Formability
of a Transformation-Induced-Plasticity-Aided Bainitic Steel; Steel Research 2021, 92, 2000474. ©2020 WILEY-VCH GmbH.
https:/lonlinelibrary.wiley.com/doi/10.1002/srin.202000474
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Enhancing Ductility and Fatigue Strength
of Additively Manufactured Metallic
Materials by Preheating the Build Platform

Nezhadfar PD, Shamsaei N, Phan N

Introduction

The static strength of additive manufac-
tured (AM) materials is typically higher than
the wrought counterparts due to the finer
microstructure resulting from the high solid-
ification rate. However, it can also lead to
the formation of volumetric defects (such
as gas-entrapped pores and lack of fusion),
residual stresses and heterogeneous aniso-
tropic microstructures, which are detrimen-
tal to the fatigue resistance of the material.
One of the main challenges for the adop-
tion of AM technology by several key indus-
tries is to qualify AM materials for load-bear-
ing applications prone to cyclic loading. For
example, the presence of the volumetric
defects formed during the AM processes
deteriorates the fatigue performance of sev-
eral materials such as Inconel 718, Ti-6Al-4V
and SS as compared to their wrought coun-
terparts. The thermal history, particularly the
solidification rate, temperature gradient and
consequently the cooling rate, associated
with any AM part deeply influences the for-
mation of volumetric defects, and therefore
final microstructure. For example, a more
homogenized microstructure with fewer vol-
umetric defects is produced when the part is
large or the interlayer time interval is short,
or when the process parameters (such as
laser power, scan speed and scan strategy)
are optimised. Altering the thermal history
also extends to the pre-heating of the build
platform, which has been found effective
in varying the microstructures of both elec-
tron beam powder bed fused (EB-PBF) Inc-
onel 718 and laser beam powder bed fused
(LB-PBF) Al-Mg(-Sc)-Zr samples. The effect of
preheating the build platform on the resid-
ual stresses and final microstructure has
been researched to some extent, however
the same on the fatigue performance of the
AM parts has not yet been studied. There-
fore, this work aims to evaluate the effect
of build platform preheating on both the
microstructural and mechanical properties

22 Engineering Materials: Metals and Alloys

of LB-PBF-processed 316 SS due to its higher
ductility and lower sensitivity to volumetric
defects under cyclic loading.

Experimental details

The Renishaw AM 250 additive system was
used to fabricate the specimens from the
austenitic 316L SS powder (17.7Cr-0.02C-
12.6Ni-0.87Mn-0.67Si-2.29Mo) using an
LB-PBF method. One set of specimens was
fabricated without preheating the build plat-
form, i.e. non-preheated (NP), whereas the
build platform was preheated to a maximum
of 150°C (P150) for fabricating the second
set to study the effect of build platform pre-
heating on the microstructural and mechani-
cal properties of the material. The same pro-
cess parameters (200 W laser power, 0.11
mm hatching distance, 1833.3 mm.s~' scan
speed and 0.05 mm layer thickness), except
the preheating temperature, were used to
fabricate all the parts without application of
any heat-treatment. The round fatigue and
tensile test samples were produced follow-
ing ASEM E606 and ASTM E8 respectively.
The effect of preheating the build platform
on the microstructural features, includ-
ing the melt pool, defect size and popu-
lation, and grain structure, was studied in
the gauge section of the fabricated speci-
mens via X-ray CT scans and EBSD. The qua-
si-static tensile and uniaxial fully reversed,
strain-controlled fatigue tests were repeated
twice with extensometers for both NP and
P150 test conditions. The fractography anal-
ysis was performed on the fracture surfaces
using the SEM to understand the fatigue
failure mechanisms.

Microstructure characterization
Figure 1 shows the melt pool analysis for

NP and P150 samples on their longitudi-
nal plane parallel to the build direction (YZ

plane). NP condition shows a shallow melt
pool (~90 um) as compared to the P150 con-
dition (~150 pym). The melt pool depth (dy),
overlap depth (d,), and layer thickness (t))
altogether influence the formation of volu-
metric defects. The dy/t; and dy/t; ratios cal-
culated for NP condition (1.8 and 1.3 respec-
tively) are found less than the P150 con-
dition (3 and 1.85 respectively), which are
attributed to the effect of preheating the
build platform. The higher temperature of
the previously fused layers during fabrication
of a new layer leads to deeper melt pools
in P150 condition. The lower temperature
difference between the previously solidified
layers and the newly fabricated layer can
result in a lower solidification rate, fewer
pores and lack of fusion (LoF) defects, and
sufficient overlap depth. During simulation,
a 14% reduction in the solidification rate is
observed for the P150 condition as com-
pared to the NP condition. Moreover, P150
condition decreases the size and population
of the defects throughout the gauge section
as compared to NP condition. Particularly,
fewer and smaller defects are observed in
the bottom (~25 um far from the build plat-
form) and middle of the gauge section as
compared with the top part (~40-45 mm
far from the build platform).

Figure 2A and B show both the visual and
statistical evaluation of volumetric defects
via X-ray CT scan in the middle of the gauge
section for NP and P150 specimens. NP con-
dition contains more and larger volumet-
ric defects as compared to the P150 condi-
tion and some examples of LoF defects and
gas-entrapped pores are highlighted by red
and green colours respectively. The probabil-
ity of formation of LoF defects is reduced sig-
nificantly when d/t, ratio becomes close to
2. For NP conditions, the dy/t, ratio is larger
than 1 but not close to 2, which increases
the chance for the formation of gas-en-
trapped pores and LoF defects (Figure 2A).
The dy/t; ratio is found to be 1.85 (i.e. close
to 2) for P150 condition, thus smaller and
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Fig. 2: X-ray CT scan
results from a small
section (~5mm) of
the gage section of
machined laser beam
powder bed fused
(LB-PBF) 316l stain-
less steel (SS) speci-
mens for (A) non-pre-
heated (NP) and (B)
preheated to 150°C
(P150) conditions, as
well as (C) defects
size distributions
based on 100 radial
cross-sections

fewer gas-entrapped pores and LoF defects
are formed (Figure 2B). The diameter of the
defects are statistically represented in Figure
2C, but without showing the entire pore
size distribution.

The inverse pole figure (IPF) maps of
the LB-PBF 316L SS in NP and P150 condi-
tions are presented in Figure 3, where elon-
gated grains along the heat dissipation path
towards the build platform are observed.
The IPF of NP condition shows the austenite
y grains mostly oriented at <001> direction
(Figure 3A), which is a typical solidification
growth direction for FCC and BCC structures
with the presence of epitaxial grains. The
crystallographic orientation of the y grains is
changed from <001>to <110>and <111>
directions for P150 direction (Figure 3B),
which is mostly associated with the lower
thermal gradient and the solidification rate.
For the same reason, an equiaxed and finer
cellular structure is observed for P150 sam-
ple as compared to NP sample. The forma-
tion of the sub-grains is particularly observed
in the P150 condition, however, the sub-
grains can not be turned into the grains with
high angle boundaries and leads to grain
refinement due to insufficient preheating
temperature to provide an adequate driv-
ing force for recrystallization.

Quasi-static tensile behaviour

The quasi-static tensile stress-strain curves
of NP and P150 conditions indicate ~18%
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Fig. 3: Microstructure and crystallographic characterization on the longitudinal plane; inverse pole figure (IPF) maps along
the z-axis as well as pole figures and IPFs for (A) non-preheated (NP) and (B) preheated to 150°C (P150) specimens

increase in the ductility of the P150 spec-
imen without jeopardizing the material
strength. This increase in ductility for the
P150 specimen is most likely to be associ-
ated with the lower volumetric defects and
orientation of the grains along the FCC pre-
ferred slip system (<110>-/<111>-oriented
grains), which helps the dislocations to slip
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and glide easily. Figure 4 shows the ten-
sile fracture surfaces for both NP and P150
samples, where a higher level of volumet-
ric defects is observed on the fracture sur-
face of NP specimens (Figure 4A) as com-
pared to their P150 counterparts (Figure 4B).
Large LoF defects are characterized on the
fracture surface of the NP specimen con-

taining un-melted powder particles and
they are believed to be contributing to the
lower ductility. On the other hand, preheat-
ing the build platform reduces such defects
and assists with the increase in the ductil-
ity under quasi-static tensile loading for the
P150 specimen.
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Fig. 4: Tensile fracture surfaces of laser beam powder bed fused (LB-PBF) 316L stainless steel (SS) specimens fabricated in (A)
non-preheated (NP) and (B) preheated to 150°C (P150) conditions. The unmelted powder particles found in the lack of fusion (LoF)

defects are shown by yellow arrows

0.005
ONP #P150
T X
E 0.004 -869
E ' \‘
E %
““ ' \\\
£ 0.003 |
E (O K
4 --"‘-..,......“h"‘-_.‘
e 0.002 | OO~
g ey T T . 4
2]
1.E+04 LE+05 LE+06 LE+07

Reversals to Failure, 2N,

Fig. 5: Strain-life fatigue data and fits for machined laser beam powder bed-
fused (LB-PBF) 316L stainless steel (SS) specimens fabricated in non-preheated
(NP) and preheated to 150°C (P150) conditions

Fatigue behaviour

Figure 5 shows no significant effect of pre-
heating the build platform on the cyclic
deformation of NP and P150 specimens,
as they exhibit similar cyclic deformation
behaviours, initial cyclic hardening followed
by cyclic softening. The stable stress-strain
hysteresis loops are found identical for both
conditions. Still, some improvement in the
fatigue performance across all life regimes
is noticed for the P150 condition, which
is most likely due to the lower volumetric
defects, specifically LoFs as compared to
the NP counterparts. Moreover, the frac-
ture surfaces of both NP and P150 speci-
mens tested at 0.0020 mm.mm~" of strain
amplitude show several cracks initiated from
LoF defects. The crack initiating defect size is
calculated from Murakami's \Jarea approach
and the number of cracks started from LoF
defects close to the surface are found as
four and one for NP and P150 conditions
respectively. The \farea values of 144, 83,
71, and 24 pm respectively are found for
NP condition as compared to 68 uym for
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P150 condition indicating a reduction of
volumetric defects and enhancement of
the fatigue performance due to preheat-
ing of the build platform. When the strain
amplitude is reduced to 0.00175 mm.mm-",
then the fatigue life of the P150 specimen
is found 2.5 times longer than the NP spec-
imen. However, it should be noted that the
fatigue performance of the 300 SS series is
not very sensitive to defects, but the effects
are typically alleviated by the microstructure
and ductility.

Digest of

Summary

The effect of preheating the build platform
on the microstructural and mechanical
properties of LB-PBF 316L SS was investi-
gated under both NP and P150 test condi-
tions. P150 condition lowered the solidifi-
cation rates resulting in deeper melt pools
as compared to the NP condition due to the
reduced temperature gradient between the
melt pool and the bulk solidified material.
P150 condition changed the crystallographic
orientation of grains from <100> to <110>
and <111> and developed finer and more

equiaxed cellular structures as compared to
the NP condition, which contained more
needle-like dendritic cellular structure. Sub-
grains were formed in the P150 microstruc-
ture, however insufficient preheating could
not lead to full recrystallization. P150 condi-
tion also led to fewer and smaller volumetric
defects due to higher melt pool and overlap
depths. The fewer volumetric defects and
fine cellular structure increased the elonga-
tion to failure under quasi-static tensile load-
ing ~18% and improved the fatigue resis-
tance for P150 condition compared with the
NP counterpart.

Nezhadfar PD, Shamsaei N, Phan N; Enhancing ductility and fatigue strength of additively manufactured metallic materials by preheating the build
platform; Fatigue & Fracture of Engineering Materials & Structures 2021,44, 13372. © 2020 John Wiley & Sons Ltd.
https:/lonlinelibrary.wiley.com/doi/10.1111/ffe.13372
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Multiscale Additive Manufacturing
of Metal Microstructures

Ercolano G, Zambellii T, van Nisselroy C, et al.

Additive micro-manufacturing
of metal objects

The additive micro-manufacturing of metal
objects can be produced either in a one-step
or two-step procedure. An advantageous
one-step approach is local electrochemi-
cal (EC) reduction of metallic ions, which
offers fully dense, conductive and mostly
contaminant-free metal features without
pre or post-processing operations. EC 3D
printing methods involve confinement of the
EC reaction in a small volume either by using
a droplet cell configuration or by local deliv-
ery of precursor species in liquid. The first
approach requires a glass pipette filled with
the metal ion solution and equipped with a
counter electrode (CE), whereas the second
approach involves a double-barrel pipette
or a FluidFM probe that is used for local
dispensing of metal ions in a liquid. Partic-
ularly in FluidFM probe, a micro-channelled
atomic force microscope (AFM) cantilever
containing metal ion solution progresses
to the working electrode (WE) of a stan-
dard three-electrode cell using the cantilever
deflection as a feedback signal. This signal is
further used to detect the plating comple-
tion, as the voxel that reaches completion
underneath the aperture pushes against the
probe apex, causing a deflection of the AFM
cantilever. This makes the printing method
fully automated, accomplishing a true layer-
by-layer process. The recent developments
in EC printing include: (i) use of platinum for
electroplating instead of copper (Cu) and (ii)
enlargement of the printing area combined
with a feedback control via meniscus-con-
fined protocol, however, they do not address
the industrial requirements for high volu-
metric throughput. This can be obtained by
either increasing the voxel area or minimiz-
ing the effects on the spatial resolution by
controlling the individual size of each voxel.
To increase the printing throughput, a novel
printing set-up has been designed where the
voxel size has been adjusted by varying the
nozzle aperture and the applied pressure.
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Fig. 1: (a) Schematic of the additive micromanufacturing system. On the left, a system
computer sends commands to the system control unit on the right. On the right, the
system control unit governs the printing process using an embedded controller. The
FluidFM probe sits on the printing head and is moved in the EC deposition chamber
by the z-stage. A microfluidics control system requlates the electrolyte flow through
the cantilever aperture. (b) Schematic representation of the printing process: Cu?* ions
are locally injected in the EC cell through the cantilever aperture in close proximity (Az
= 500 nm) of a growing structure (WE), these ions are electrochemically reduced to
Cu® on the metal surface forming the printed voxel. When the reduction front reaches
the cantilever, the latter is deflected (optical beam deflection), automatically triggering
the positioning to the next location. WE, CE, and RE indicate the working electrode,
counter electrode, and reference electrode, respectively.

Design of a novel micro-
manufacturing setup

The novel micro-printing setup has been
designed to maintain complete automation
and coordination of the probe positioning
system with the liquid flow, applied sub-
strate potentials, and AFM deflection sig-

nal to detect the voxel growth. The limita-
tions include restriction in printed feature
height (15 pm) and instrumentation syn-
chronization delay leading to slower print-
ing rates. Figure 1a shows a redesign of the
micro-printing setup from both the hardware
and software perspectives and Figure 1b
shows the schematic representation of the
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Fig. 2: Scanning electron microscopy (SEM) images of the different tip apertures. Top
view of a (a) 300 nm and (b) 500 nm diameter aperture, obtained by contact lithog-
raphy. Top view of a (c) 100 nm, a (d) 1 um, and a (e) 2 um side-square aperture, ob-
tained by FIB milling of closed pyramidal probes.
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Fig. 3: (a) Pillar diameter obtained as function of the pressure applied during print-
ing. (b) Volumetric deposition speed as function of the pressure. (c) Difference be-
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(see (b)) versus the volumetric deposition speed. (d) Volumetric deposition speed nor-
malized by the pressure for the different tip equivalent diameters D, =2,/A/r.
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printing process. Some important features
of this solid Teflon-made set-up include: (i)
fast feedback loop with very low latency,
where controller responds within 1 ms by
retracting the tip from the voxel surface and
moving to the next point when deflection
threshold exceeds due to the voxel touching
the tip, (ii) stable and long-term operation, in
which continuous printing can be done up
to tens of hours without any delay regard-
ing lack of voxel coordinate information, (iii)
introduction of two high-resolution optical
systems (top and bottom views) for loading
of the nozzle, printer adjustment and cali-
bration followed by imaging of the printed
structures, and (iv) in-built computer-assisted
alignment for printing on the already exist-
ing structures. A 3-axes positioning stage
(Exaddon AG, CH) ensures a maximum vol-
ume of 200 x 70 x 60 mm? for the print-
ing space with £250 nm and 5 nm posi-
tioning accuracy along x-y and z directions
respectively at a 0.1 nm sensor resolution.
The positioning time from a voxel to the
next is under 50 ms and the printing sub-
strate area is 12 x 12 mm?, with which the
WE is connected.

Influence of voxel size and
volumetric deposition speed on
different apertures

The micro-printing setup is capable to finely
tune the nozzle aperture, applied pressure
(p), electrodeposition potential (E) and voxel
height (Az). The work aims to achieve a
printing speed of 1 um/s along z direction
with constant E and Az, while varying noz-
zle opening size and p. Figure 2 shows SEM
images of different tip apertures obtained by
contact lithography (300 nm and 500 nm)
and FIB milling of closed pyramidal probes
(100 nm, 1 ym and 2 pm). For electrode-
position of Cu in form of pillars, a printing
speed of ~1 um/s can be obtained at E=-500
mV and p=10-500 mbar. In the micro-print-
ing setup, the pillar array is plated in a vox-
el-by-voxel manner with constant Az= 500
nm leading to a print rate of 2 voxels/s. The
array contains 50 pm long cylindrical pillars
(100 voxels) printed at different p (with 10
mbar step size) for each aperture size. The
pillar growth is observed linear after exceed-
ing the first 5 um length. While analysing the
pillar diameter, it has been found that the
pillar diameter can be tuned in the range of
almost one order of magnitude by adjusting
the pressure for each aperture (Figure 3a).
Similarly, the voxel diameter can be adjusted
by almost two orders of magnitude while
varying both the aperture size and pressure.
This leads to a throughput of Cu over three



Fig. 4: A demonstration structure printed each time with a different
tip aperture ranging in size from (a-e) 100 nm to 2 um like in figure
3. (f) A larger 650 um-tall structure was printed with a 300 nm tip,

reaching an aspect ratio of 1:100 (strands).

orders of magnitude (um3/s). The volumet-
ric deposition speed (V) increases linearly
when p< 100 mbar and the correspond-
ing linear fits indicate constant plating effi-
ciency over a wider range, particularly at the
smaller aperture size. An example of this is
very small 'V values for 100 nm aperture tip.
On the other hand, 'V deviates from linear-
ity and begins to saturate at p> 100 mbar
indicating electroplating of a smaller fraction
of ejected Cu ions on the pillars (Figure 3b).

An analytical model for the laminar
flow of Newtonian fluids based on the
Hagen—Poiseuille equation has been used
to theoretically assess the flow through the
micro-channel. The elliptical and rectangular
duct shapes are used to mimic lithographic
and FIB milled apex tips respectively. Both

10 um
—

Fig. 5: SEM images (colored) of four intertwined heli-
ces printed with a 500 nm nozzle, each helix printed at
a different pressure to showcase the flexibility and the
ability to change and control the voxel diameter within
the same structure. About 3056 voxels were printed in
25 min to obtain the 180 um-tall structures. (a,b) Two

different views of the same subject.

micro-channel and tip opening have their
own flow resistance and the flow is assumed
to be proportional to the measured 'V. Cal-
culations show a linear relation between 'V
and p at either low p or more precisely at low
'V, whereas a loss of linearity is observed at
high "V indicating a reduction in the plating
efficiency (Figure 3c). So, the fraction of Cu
ions is reduced at high 'V, which is caused
by the flow ejected from a small aperture.
When the ratio 'V/p (within the linear range)
is plotted as a function of the equivalent
diameter of tip aperture, the flow is domi-
nated by the aperture for smaller diameters
but by the micro-channel for larger diame-
ters with a transition zone in between them
(Figure 3d).

Layer-by-layer printing at different
apertures and pressures

After the thorough analysis of EC print-
ing process related to cylindrical pillars, a
complex-shaped micro-scale structure is
designed. The structure contains four inter-
twined helices with a pillar in the middle,
and a double truncated pyramid sitting on
the top of that (Figure 4). The true layer-by-
layer nature of the printing process is high-
lighted while printing the combination of
the helices with the pillar, whereas printing
the pyramid shows the ability to produce any
overhanging details. The total number of
voxels associated with this structure is 9171.
During printing of this voxel coordinate list,
90 mbar and 40 mbar pressures have been
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used for 100 nm and 300 nm apertures
respectively (Figure 4a,b), whereas 25 mbar
pressure has been applied for other large
apertures (Figure 4c,d,e). The voxel area is
found uniform within each structure. The
total printing time is observed as 100 min
and 35 min for the smallest (100 nm) and
largest (2 um) apertures respectively. Fur-
ther to this, a 650 ym long structure with
120 ym diameter base and 3 pm diameter
strands have been printed at 100 mbar pres-
sure for 300 nm aperture size. This structure
contains 20,000 voxels and takes 120 min
to be completed (Figure 4f).

Layer-by-layer printing with each
voxel at a different pressure

To emphasize the possibility of tailoring the
voxel area by only adjusting the pressure,
a structure of four helices having four dif-
ferent diameters has been designed. Fig-
ure 5 shows SEM images of such a struc-
ture, where four resulting wires are artifi-
cially coloured for better visualization. This
kind of structure can be obtained in a layer-
by-layer fashion by using a single aperture

Digest of

(i.e. 500 nm), where each of the four voxels
from each layer is plated at different pres-
sure (such as 20, 40, 60, and 80 mbar). How-
ever, time response of the pressure value is
the main challenge during growth of multi-
ple strands in parallel at different pressures.
As a result, the cloud of Cu?* ions rapidly
changes with the movement of nozzle from
one strand to another leading to a visible dif-
ference in the wire diameter. Figure 5 con-
firms that the four intertwined wires are
homogeneous along the length, but have
diameters of 5, 6, 7, and 8 um respectively.
For individual pillars, the expected diameters
at those pressure values are 2, 3, 3.7, and
4.4 um respectively (from Figure 3a). This
additional growth observed for the inter-
twined helices is attributable to the plating
occurring during the lateral motions from a
strand to the next, which is absent during
printing of the individual pillars.

Summary
A novel additive micro-manufacturing sys-

tem has been designed to optimize EC print-
ing of copper by minimizing the response

and positioning times and the same
approach can be applied for other conven-
tional metals. The influence of the applied
pressure and probe aperture on the lateral
diameter of the electroplated copper voxels
has been investigated while keeping the EC
deposition potential and the voxel height
fixed. This has enabled the voxel area to
cover over three orders of magnitude and
more importantly over two orders of mag-
nitude using the same aperture. The capa-
bility has been exploited to fabricate copper
micro-scale structures of 60 x 60 x 180 um?3
and 120 x 120 x 650 pm?3 with a submicron
resolution, followed by a 50 x 50 x 170 pm3
structure of four helical wires by changing
the pressure on a voxel-by-voxel basis. Each
of these four helical wires is homogeneous
along the entire length but has a different
diameter as obtained when deposited at dif-
ferent pressure during layer-by-layer print-
ing. This indicates a significant throughput
increase with a possibility of tuning the voxel
size depending on the feature dimensions
within the same design.

Ercolano G, Zambellii T, van Nisselroy C, et al.; Multiscale additive manufacturing of metal microstructures; Advanced Engineering Materials 2020;22,
1900961. © 2019 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.
https:/lonlinelibrary.wiley.com/doi/10.1002/adem.201900961
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Multi-step Crystallization of
Self-organized Spiral Eutectics

Moniri S, Bale H, Volkenandt T, et al.

Introduction

With decade-long research on crystallization
phenomena in many scientific fields, it is
possible to control the processing of virtu-
ally all metals and alloys to produce different
transient states by solidification via crystal-
lization at any intermediate time scale. The
non-equilibrium routes to create metastable
states are advantageous in terms of unveil-
ing patterns unknown or unseen to the con-
ventional equilibrium techniques. One such
appealing research field with immense tech-
nological promise is spiral eutectics, where
mixtures of two or more solid phases grow
simultaneously from a parent liquid phase
and arrange into intricate spiralling patterns.
The conventional route to manufacture spi-
ral eutectics is a top-down approach, where
speed and complexity increase with the
number of helices leading to a bottleneck
for large-scale production. However, their
implementation has been largely hindered
due to the lack of technical insight on their
growth mechanism as no dominant influ-
ence of any process parameters on the spi-
ral formation has been recognized. To date,
the spiral patterns have been obtained for
Al-Th, Al-Ag-Cu, and Zn-Mg alloy systems
along with a few other non-metallic systems.
In this work, a systematic investigation has
been undertaken to investigate the origin of
spiral growth in Zn-Mg alloys produced via
directional solidification (DS). To trace the
development of as-solidified microstructures
from the parent liquid, correlative and mul-
tiscale microscopy incorporating 3D mea-
surements together with in situ and atom-
ic-resolution imaging has been employed.
Machine learning has been used to track
the interfaces of the complex eutectic col-
onies, in which metastable MgZn, Laves
phase initially nucleates from the liquid,
followed by screw dislocations intersecting
the solid-liquid interfaces and catalysing the
spiral growth of the two-phase microstruc-
ture. Extensive dislocation-driven growth,

which allows simultaneous growth of two
phases upon spiral eutectic crystallization, is
observed. It indicates the opportunities for
rapid fabrication and additive manufactur-
ing of 3D chiral photonic materials.

Experimental details

A vacuum arc-melting (VAR) cast Zn-3 wt%
Mg alloy was EDM cut into cylindrical rods
(1 mm diameter by 5 mm length) followed
by two-phase eutectics growth via DS in
a three-zone vertical Bridgman furnace.
The temperatures of the three zones were
independently fixed to impose the tem-
perature gradient on the fully molten sam-
ples. For stationary samples, growth velocity
was controlled by the upward, simultane-
ous movement of the zones. For gradient
freeze samples, zone temperatures were
decreased at fixed rates under the imposed
thermal gradient. Optical microscopy was
used to locate the spiral regions-of-inter-
est in these DS samples and then a laser
micro-machining system was used to thin
down the region-of-interest (60 uym diam-
eter by 100 um height) for 3D imaging via
lab based X-ray nano-tomography (NTXM).
3D EBSD measurements were obtained to
understand the hetero-epitaxial relationship,
crystallographic growth direction, and inter-
phase habit plane orientation between two
spiral eutectic constituents. /n situ synchro-
tron high-energy X-ray diffraction (HEXRD)
was used to understand the sequence of
phase formation during solidification. Both
TEM and S/TEM were used to observe the
screw dislocation defects within seed MgZn,
crystals.

Microstructure and morphology
of spirals

The crystallization pathway leads to two
competing growth forms depending on the

combination of constant velocity and uni-
directional thermal gradient — (i) thermody-
namically stable, rod-like Zn-Mg,Zn;; and
(i) metastable, spiral Zn-MgZn, eutectics as
confirmed via energy-dispersive X-ray spec-
troscopy. Combining the scanning electron
micrographs of all DS Zn-MgZn, samples,
a total of 195 spirals are observed among
which an equal proportion of spiral hand-
edness (99 right-handed and 96 left-handed
spirals) is found. Typically eutectic spirals
show helical morphology and the same
holds for Zn-MgZn, spirals (~100 nm spiral
thickness and ~1 um interphase spacing) as
observed from the nTXM microstructures.
The reconstructed 3D nTXM images are seg-
mented via a machine-learning algorithm to
label both the eutectic Zn and MgZn, phases
and an excellent agreement between the
segmented and fully reconstructed output
structures is observed in the unprocessed
data. Figure 1 shows the complete 3D mor-
phology of spiral eutectics. The pyrami-
dal-shaped spiral eutectic nodules (colonies)
are randomly oriented inside the bulk vol-
ume and an irregular Zn-MgZn, spiral with
coarser and non-periodic lamellar spacing
is observed outside the colonies (Figure
1A). The internal microstructure displayed
orthogonally along the z-axis (Figure 1B) and
its close-up view (Figure 1C) confirms that
the crystallographic anisotropy of the Mgzn,
phase plays an important role during solid-
ification resulting in hexagonal-shaped col-
onies, spirals with intra-facet angle ¢ = 10°
and dihedral angle 26 = 18°, uniform spi-
ral thickness and a common nucleation site
for termination. The degree of directionality
of these colonies in the reference frame is
quantified by calculating the stereographic
projection of the normal to the solid-solid
interfacial patches (Figure 1D) and the result-
ing interface normal distribution (IND) rep-
resents the superposition of all lamellar
orientations found within the colony indi-
cating six-fold symmetry of the Zn-Mgzn,
facet planes as denoted by sharp peaks (Fig-
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Long axis

Probability density

Fig. 1: 3D morphology of spiral eutectics. (A) Full X-ray nano-tomographic region-of-interest displaying multiple
spiral eutectic colonies. The white arrow shows the pyramidal shape of a spiral colony. The reconstruction is cut
out to reveal the microstructure internally. The eutectic MgZn, and Zn phases are shown in dark and light false

colours, respectively. (B) View along the cut seen from the y-axis. The eutectic MgZn, phase is shown in dark grey.
(C) Close up view of the spiral. The spiral colony pointed to by arrow in (A) is extracted, and its surrounding is ren-
dered translucent orange for clarity. The graduation in the spiral’s color is due to the false colouring scheme used
for visual clarity. The hexagonal enveloping shape along with the inter-planar (dihedral) angle 26 (=18°) and in-
tra-facet angle (10°) are annotated. (D,E) Solid-solid interfaces and their directionality within the spiral. The Zn-Mg-
Zn, interfaces (D) are extracted from the 3D reconstruction and are used to quantify the preferential directionality
of the colony in the laboratory frame (E). The interface normal distribution (defined in main text) reveals the sixfold

symmetry of the solid-solid interfaces, which correspond to the sharp peaks.

ure 1E). These nTXM results show the first
direct evidence for the hexagonal-shaped
spiral Zn-MgZn, eutectic colony, terminated
at an apex by a nucleation center.

Epitaxial relationship between spiral
constituents in 3D

The crystallographic texture, particularly the
grain rotations, is assumed to influence the
complex morphology of the faceted spirals.
Figure 2 summarises the hetero-epitaxial
relationship between two eutectic spirals.
Figure 2A shows the 3D orientation map of
a spiral eutectic colony situated at the junc-
tion of three single-crystalline Zn grains. It
has [0001] ygzn2 growth direction along with
a negligible intra-lamellar misorientation
(~1°). The misorientation between the two
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eutectic phases can be visualized from the
individual 2D cross-section orientation maps
along Z direction and superimposing the unit
cell on each grain using the respective Euler
angles (Figure 2B). Both single-crystalline Zn
and MgZn, phases within the given colony
maintain their epitaxial relationship, which
is verified by the small (<3°) angular devia-
tion between the pairs of coincident planes
between Zn and MgZn,. This also helps to
understand the solid-solid interfaces by
constructing an IND in the crystallographic
frame. Figure 2C shows the crystallographic
interface normal distribution (CIND) along
[0001]gzn2 Providing a quantitative per-
ception into the crystallographic properties
of the spiral eutectic. The six peaks of the
CIND indicate {7072}y4zn, Orientation for sol-
id-solid interfaces, where interphase bound-
aries shown on opposite ends of the CIND

(such as (7072)ygzn2 and (70772)ygzn2) Meet
at the apex of the pyramidal spiral and the
interplanar angle is calculated ~18°, verify-
ing the nNTXM observations (Figure 1).

Two-step crystallization pathway

Figure 3 summarizes the HEXRD results
for sequencing phase formation by acquir-
ing Laue patterns as a function of diffrac-
tion angle 26. The fast kinetics of nucle-
ation can be temporally understood from
the summary of the 400 diffraction spectra
collected during 200 seconds of solidifica-
tion time. The diffraction peak for the first
solid phase to form belongs to the MgZn,
(dashed line at ~1.0's, 26 ~2.9°), whereas
peaks correspond to the Zn phase appear-
ing ~2 seconds later. These results confirm
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Fig. 2: Heteroepitaxial relationship between the two spiral eutectic constituents. (A)
3D orientation map (3D EBSD) of a spiral eutectic colony. The spiral is situated at the
junction of three single crystalline Zn grains (navy, turquoise, tan). The faceted MgZn,
phase is rendered transparent for clarity, the Zn grains (voxels) are coloured according
to their orientation following the stereographic triangle on the top-right. The growth
direction of the spiral is along [0001]y47y>. (B) Orientation map of one representative
slice with unit cells superimposed using the respective Euler angles (Zn: red; MgZn,:
yellow). Facets of the unit cells correspond to the {1070} and {0001} planes. Both
phases are single-crystalline. The map corresponds to the transparent box shown in
(A). Inset: the misorientation between the two phases. (C) Distribution of the crystal-
lographic orientation of the solid-solid Zn-MgZn, interfaces. The plot of the crystallo-
graphic interface normal distribution (defined in main text) is shown along {0001} axis
of MgZn,. The six crystallographically symmetric poles of high probability reveal that
the solid-solid interfaces have the {7072}qz> orientation. The interplanar angle, for
example, between {707 2}y4202 and {707 2}y4205 is =18°, matching the observation
from X-ray nano-tomography (Figure 1).

the sequence of phase formation and more
importantly provide direct evidence of the
initial MgZn, particle formation, which pro-
motes nucleation of the Zn-MgZn, eutec-
tic. These observations further support the
detection of seed crystals in nTXM at the
apex of the pyramidal spirals (Figure 1 and
Figure 2).

Atomic visualization and develop-
ment of spiral patterns from nano-
to micro-scale

The TEM and S/TEM images in Figure 4
confirm the presence of screw dislocations
within hexagonal-shaped seed MgZn, crys-
tals. When TEM images are taken along
[[12710]gzn2 zone axis, the dislocation
contrast remains invisible upon exciting
the (1010) family of diffraction spots (Fig-
ure 4A), but becomes visible during exci-
tation of the (1011) diffraction vectors par-
allel to the spiral growth axis (Figure 4B).
Thus the dislocation lies preferentially along
with the [0001]ygzn, Spiral growth direction,
which is consistent with the dislocation of
a screw character. As MgZn, has a hexago-
nal crystal structure and an elastically sym-
metric basal plane along with its perpen-
dicular planes, thus all dislocations lying on
those planes exhibit pseudo-elastic isotropy.
Direct visualization of the screw dislocation
is observed in Figure 4C with coloured lines
guiding the shearing of the atomic planes.
The equal probability of spiral-handedness
suggests an equal probability of the disloca-
tion sense, and thereby further supporting
the screw-mediated spiral growth.

The crystallization mechanism of spiral
Zn-MgZn, eutectics under non-equilibrium
conditions is schematically shown in Figure
5. The first phase to crystallize is MgZn, and
its preferential nucleation demonstrates con-
siderably low solid-liquid interfacial energy
(due to its poly-tetrahedral structural simi-
larity between the melt and MgZn, Laves
phase) as compared to the stable Mg,Zn;;
phase. The spiral growth of the seed MgZn,
crystal is permitted through self-perpetuat-
ing steps provided via axial screw disloca-
tions (Figure 5A). As the seed crystal grows,
the high strain field around the screw forms
a hollow core to relieve the strain energy,
which is energetically more favourable than
retaining the strain energy of the disloca-
tion (Figure 5B). When the system cools
down below metastable eutectic tempera-
ture, the Zn phase hetero-epitaxially nucle-
ates along with the spiral MgZn, growth
steps and grows in a coupled manner with
MgZn, phase (Figure 5C). During this eutec-
tic growth, low-energy solid-solid {70772}
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Fig. 3: Sequence of phase formation during solidification. The in situ high-energy
X-ray diffraction (HEXRD) spectra acquired at the indicated time-steps after the start
of solidification (0.0 s) show that MgZn, is the first solid phase that forms (dashed line
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mgzn2 interfaces are maintained and the inter-
phase boundaries follow a specific crystallo-
graphic growth direction. As the eutectic spi-
rals nucleate on the axial screw dislocations,
the regularity of the two phases is ensured
by the spiral growth steps. Figure 5D shows
a fully-developed spiral colony with sol-
id-solid interfaces, intra-facet angles, and
growth direction. Conventionally, the sol-
id-liquid interface of the rod-like Zn-Mg,Zn;,
eutectic consists of a regular orthogonal to
macro-faceted cellular structure, in which
parallel, regularly spaced lamellae connect
to a common trigonal spine. As this cannot
describe the complex regular spiral morphol-
ogy of Zn-MgZn,, the current work explains
the role of screw dislocations of the primary
MgZn, phase in catalysis of the heteroge-
neous nucleation of the eutectic phases
during solidification eventually causing the
spiral growth form. The proposed crystal-
lization mechanism indicates the ‘hidden’
role of poly-tetrahedral phases in assisting
heterogeneous nucleation.

Fig. 4: S/TEM observation of screw dislocations within “seed” MgZn, crystal. (A,B) Diffraction-contrast TEM images taken under the
strong two-beam conditions defined by the diffractions as insets to the images near the [1210]y47,> Zone axis. Dislocations are invisi-
ble upon excitation of diffraction vectors perpendicular to the [0001]42,> direction, for example the [1070] spot in (A). Dislocation
lines become visible (white arrows) when the diffraction vector has a parallel component to the [0001]y447,, direction, for example,
the [1011] spot in (B). Therefore, the dislocation lies along the [0001]yqz,, direction, which is also the growth direction (Figure 2).
Since both the growth and dislocation directions are along [0001 gz, this behaviour is consistent with a dislocation of screw char-
acter. (C) Atomic-resolution high-angle annular dark-field (HAADF) image taken along [1120]yqgz,2 Showing screw dislocations
aligned along [0001] yqz,. Solid red and green lines indicate the shearing of atomic planes, characteristic of the side-view of a screw
dislocation; dashed red lines indicate the position of atomic columns in the absence of screw dislocation. The orange arrows point to

atomic columns around the screw dislocation core.
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Fig. 5: lllustration of the screw dislocation mediated growth of spiral eutectics. (A)
Establishment of a spiral ramp due to axial screw dislocation on the seed MgZn,
crystal. The ramp provides self-perpetuating steps that enable spiral growth. (B)
Growth of the seed crystal and formation of a hollow core. The axial growth direc-
tion of the spiral is along [0001]yqz,. For sufficiently large Burgers vector, the strain
energy Is alleviated by hollowing out the dislocation core (thin blue cylinder), in
agreement with Frank’s hollow-tube mechanism.% Radii of the seed and hol-
low-core are R and r, respectively; & is the sense vector of the dislocation. (C) Het-
eroepitaxial growth of Zn (red, not to scale) along the exposed MgZn, growth steps
(ledges). (D) Spiral eutectic colony during the growth process. Only solid-solid inter-
faces are shown for clarity. The habit planes of the spiral are {7702}qzn> The in-
tra-facet angle is =10°, for example, between {7702} and {7072}.
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Summary

A spiral, two-phase microstructure with an
intrinsic chirality and a faceted, periodic
architecture has been synthesized and its
formation mechanism along with morpho-
logical and hetero-epitaxial relationships
between two phases has been investigated
by the correlative characterization assisted by
data science methods. The macroscopic spi-
rals appear via microscopic defects through
a two-step crystallization process. Initially,
the poly-tetrahedral phases readily nucle-
ate in the liquid due to their low interfacial
energy and provide adequate screw disloca-
tions for crystallization of the spiral eutectic
representing the widespread applicability of
Frank’s defect-driven growth mechanism to
multi-phase materials. The 3D simulation of
complex spiral self-organization patterns has
set a benchmark for designing the next-gen-
eration alloys with superior properties. This
tends to open exciting opportunities for
multi-phase structures serving as templates
for rapid fabrication or additive manufactur-
ing of 3D chiral photonic crystals.

Moniri S, Bale H, Volkenandt T, et al.; Multi-step Crystallization of Self-Organized Spiral Eutectics; Nano°Micro°Small 2020;16, 1906146.

© 2020 The Authors. Published by WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.
https:/lonlinelibrary.wiley.com/doi/10.1002/smll.201906146
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X-ray Microtomography of Thermal
Cycling Damage in Sintered Nano-silver

Solder Joints

Regalado IL, Williams JJ, Joshi S, Dede EM, Liu Y, Chawla N

Introduction

High power density devices made of wide
band-gap materials such as silicon carbide
and gallium nitride have improved the max-
imum operating temperatures to 300°C,
operating voltages over 600V, and switch-
ing frequencies to high enough. Differences
in mechanical strength, electrical conduc-
tivity, and coefficient of thermal expansion
(CTE) between various layers in a module
of the semiconductor devices are critical to
determining its lifetime at these extreme
conditions. A very important part is the die
attachment, which is required to have low
processing temperatures (<300°C), stabil-
ity of bonds over operating temperatures
of 300°C, mechanical stability under shear
loads, and good thermal and power cycling
performances. Sn-based solder alloys have
usually been used as die attachments in
semiconductor devices, but their applica-
tion has been limited due to the low melt-
ing point and tendency to form intermetal-
lic compounds leading to brittle interfaces
and premature failures. A promising mate-
rial fulfilling these requirements is sintered
nano-Ag solder, which has excellent ther-
mal and electrical conductivities, relatively
low processing temperature (250°C), and
high melting temperature similar to that
of bulk-Ag properties. Thermally induced
damages are the leading cause of failure in
power electronics, thus thermal and power
cycling reliability tests are used to evalu-
ate the reliability of die attachments. Sam-
ples are typically subjected to cyclic heating
and cooling to induce damage on the sol-
der followed by the analysis of the micro-
structural damage, however, that is not suf-
ficient to quantify the crack formation and
growth within the same sample as a func-
tion of time. Among the non-destructive
testing techniques, 3D X-ray tomography
has been proven to be excellent to anal-
yse and quantify the degradation of various
material systems, such as Al-7075, CugSns
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intermetallic, etc. This work focuses on a 4D
approach to study the thermal cycling dam-
age of sintered nano-Ag solder as a function
of time. X-ray tomography has been used to
study the thermally induced solder degrada-
tion and accurately quantify the cracks/void
growth. Moreover, theoretical models have
been utilized to estimate Young'’s modulus
as a function of porosity and then experi-
mentally validated using nano-indentation
and shear testing.

DBC substrate

\’

Experimental details

Figure 1 shows the die attachment structure
consisting of a direct bonded copper (DBC)
substrate with a 600 pm AIN layer bonded
to a 200 um Cu layer on either side. Both
the DBC and Si die (500 pm thick, polished
on a single side) were metalized via elec-
tron beam deposition technique to enhance
good bonding of the die attachment. Single
side metallization on the DBC and Si die con-

Si die (500 um)

MNano Ag solder

Cu

AIN

200 um Cu

Fig. 1: Die attachment structure consisting of a DBC substrate, nano-Ag solder as a
die attach material and a single side polished Si die.

Fig. 2: (a) Fifteen um-thick nano-Ag solder bond, good adhesion can be seen at the
Si-solder and solder-DBC interfaces, (b) Zoomed image of nano-Ag bond, homogenous

distribution of pores can be observed.



sisted of a 50 nm adhesive titanium layer,
followed by a 1 um strong Ag base layer and
a 50 nm thick oxidation protective Au layer.
Samples from the die attachment structure
were prepared using a low temperature-low
pressure sintering procedure (heating ramp
rate of 4°C min~" until 250°C peak tempera-
ture was reached, which was then held for
30 min at 0.4 MPa pressure, followed by the
bond cooling rate of 20°C min-') on a pro-
grammable hot plate. The shear tests were
done in displacement control, with a nom-
inal strain rate of 10 s' and the fractog-
raphy analysis was carried out in an SEM.
The thermo-mechanical behaviour of the
bonded samples was tested at three differ-
ent thermal cycling conditions of 230°C,
180°C, and 155°C respectively at constant
heating and cooling rates of 2-4°C min’',
dwell time of 45-60s and total cycle time
of 4 min cycle'. 3D X-ray tomography was
done on a lab-scale X-ray microscope sys-
tem before and after the thermal cycles to
understand the effect of thermal cycles on
the microstructure. Nano-indentation was
used to analyze the mechanical properties
of the individual micro-constituents in the
stack with a Berkovich indenter at a depth
of 1 um.

Microstructural characterization and
nano-indentation of constituents

Figure 2 shows a 15-30 pm thick cross-sec-
tion of the nano-Ag bond at different mag-
nifications. The sintered solder showed good
densification with a total macroscopic poros-
ity <10% and FIB cross-sections showed
that the microscopic porosity is ~35%. A
few pores of ~100-200 nm diameter were
homogeneously distributed through the sol-
der volume. Good adhesion was observed at
the Si/solder and solder/DBC interfaces due
to the metallization layers deposited on the
bonding side of the chip and DBC substrate.
From the nano-indentation results, the high-
est and lowest Young's modulus (347.4 GPa
and 20 GPa respectively) and hardness val-
ues (15.2 GPa and 0.5 GPa respectively)
were observed in the AIN layer of the DBC
substrate and nano-Ag solder respectively.
This low modulus value of nano-Ag solder
was due to the inherent porosity within the
sintered bond, whereas ~35% volume frac-
tion of the pores explained the difference
in Young's modulus seen between bulk Ag
(~76 GPa) and nano-Ag solder. The Young'’s
modulus was further calculated as 28 GPa
and 33 GPa from the O’Connell and Budian-
sky model and Wachtman and MacKenzie
model respectively, however, both models
led to slight over-estimation.

Fig. 3: Fractography SEM image of nano-Ag solder joint after shear testing,

(a) fracture occurred through the thickness of the solder as seen in this image of

the Si die side, (b) delamination occurring at few places on the Si die-solder inter-
face, (c) magnified view of the nano-Ag solder showing coalescence of nano-Ag

spheres.

500 pm

Fig. 4: (a) Microstructure of nano-Ag solder after 3000 thermal cycles with AT=230°C,
the blue box shows the region where the delamination damage was seen, (b) Magni-
fied view of the region of delamination of solder.
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Fig. 5: Nano-Ag solder joint after 3000 thermal cycles at AT=230°C viewed at different planes, (a) XY view of sample showing
nano-Ag solder, (b) XZ view of the solder stack showing the multiple layers in the solder joint, (c) YZ view of sample.

Shear testing

Shear testing was done to evaluate the
strength of the nano-Ag bonds and the
adhesion of the solder at the interfaces
before the thermal cycles. The mean shear

strength was 15+2.5 MPa. Figure 3a shows
the occurrence of fracture through the thick-
ness of the solder, indicating good bond-
ing at the interfaces. A few delaminations
were observed at the Si/solder interface,
which might be caused by the imperfections
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Fig. 6: Analysis of increase of crack density as a function of number of thermal cy-
cles for Sample 1 (AT=230°C), Sample 2 (AT=180°C), and Sample 3 (AT=155°C).
The red circle on the plot indicates delamination occurring at the solder-Si interface.

38 Engineering Materials: Metals and Alloys

during the metallization (Figure 3b). Figure
3c shows a magnified image of the solder
after shear testing.

Thermal cycling and solder
degradation

The as-fabricated solder contained pores due
to either shrinkage of the solder or residu-
als of evaporated organics. The initial poros-
ity was found as 6.9%, 8.3%, and 3.5%
at 230°C, 180°C, and 155°C respectively.
After 3000 thermal cycles, X-ray tomogra-
phy revealed an increase in crack density
within the solder volume with most of the
crack formation concentrated close to the
center of 230°C and 180°C samples indi-
cating the possibility of delamination occur-
ring at the interfaces. Figure 4 shows the
degradation of the solder after 3000 ther-
mal cycles at 230°C. Figure 5 further con-
firms the solder delamination from the 3D
X-ray stacks analysed on different orthogo-
nal planes. The delamination was observed
at the Si/solder interface due to localized
failure that occurred as a result of exces-
sive micro-crack formation. Besides, 30-50
pm long cracks were also formed within the
Cu layer in the DBC substrate only after ini-
tial 300 and 500 thermal cycles at 230°C
and 180°C respectively. These cracks were
observed directly below the most damaged
section of the solder leading to delamination
after 3000 cycles. Interconnection of poros-
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Fig. 7: Decrease in Young'’s modulus for quadrant 5 for AT=230°C, AT=180°C and AT=155°C according to (a) Wachtman and
MacKenzie relation (b) O’Connell and Budliansky relation.

ities and cracks favoured the rapid crack
growth at higher crack densities. The rate of
crack formation was decreased significantly
at 155°C, where micro-cracks were initiated
only after 3000 cycles causing no delamina-
tion. Figure 6 shows a comparison in crack
density for each sample from a particular
region, where the crack formation was high-
est and delamination was appeared. When
crack density exceeded 30%, the delamina-
tion was occurred for all samples except the
tests performed at 155°C.

Damage analysis and related
modelling

Overlay of the segmented images experi-
encing 0 and 3000 thermal cycles at 230°C,
180°C, and 155°C were used to quantify
the induced damage on the solder. The vol-
ume of the samples was divided into 9 sec-
tions for a thorough analysis of the micro-
structural degradation. ~35% increase in the
crack density was observed at the centre
(section 5) of the sample tested at 230°C
with the least amount of cracks at the cor-
ners. The increase in crack density at the cen-
tre was observed as ~15% and ~3.5% for
samples tested at 180°C and 155°C respec-
tively indicating the effect of peak tempera-
ture on solder degradation. Both Wachtman
and MacKenzie model and O’Connell and
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Budiansky model were further used to cal-
culate Young's modulus value at each of
the 9 sections of all three samples, how-
ever, the accuracy and effectiveness of the
O’Connell model were unknown for >56%
crack density. As most of the thermal-in-
duced damage was observed at the centre,
so the highest decrease in Young’s modulus
was found there at 230°C and 180°C, but
less pronounced at 155°C. Figure 7 shows
histogram plots summarizing this decrease
in Young's modulus using both equations.

The individual layers of the sample stack
experienced cyclic stresses due to flexure
during thermal cycles. The expansion of DBC
was more than Si die due to its larger form
factor and CTE. Particularly, the solder edges
remained unconstrained and hence flexed
more making the Cu layer prone to delam-
inate from the AIN layer. However, the sol-
der centre was heavily constrained by both
DBC and Si. During cooling, the CTE mis-
match between DBC and Si formed a high
density of micro-cracks at the centre, which
in turn weakened the Cu layer under the
solder followed by the delamination from
the solder interface. Currently, the authors
are developing a microstructure-based finite
element model to accurately demonstrate
the temperature dependence on flexure and
stress state within the various layers of the
sample stack.

Summary

The microstructural and mechanical prop-
erties of the sintered nano-Ag bonds were
characterized. Homogenously distributed
pores were observed at the cross-section of
the bond line. 15-20 MPa shear strength
was observed and the fractography analysis
revealed the occurrence of fracture through
the solder thickness indicating good bonding
at both the Si/solder and solder/DBC inter-
faces. 3D X-ray tomography scans showed
both macro and microscopic pores present
in the initial microstructure (up to 35%) due
to entrapment of the organic binder in the
solder paste. The micro-cracks were formed
during thermal cycling and localized failure
via delamination occurred as the crack den-
sity exceeded 30%. Warpage due to CTE
mismatch between the multiple layers in the
solder joint was assumed to be the reason
for degradation at the centre of the sample
and as a result, higher stresses and crack
formation were mainly observed there. A
minor crack formation was observed at the
outer edges of the solder.

Regalado IL, Williams JJ, Joshi S, Dede EM, Liu Y, Chawla N; X-ray microtomography of thermal cycling damage in sintered nano-silver solder joints;
Advanced Engineering Materials 2019,;21, 1801029. © 2019 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.
https:/lonlinelibrary.wiley.com/doilepdf/10.1002/adem.201801029
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3D Grain Reconstruction from
Laboratory Diffraction Contrast

Tomography

Bachmann F, Bale H, Gueninchault N, Holzner C, Lauridsen EM

Introduction

Non-destructive volumetric orientation
imaging techniques based on X-ray diffrac-
tion microscopy have been widely used to
study spatio-temporal relationships between
crystallographic microstructure and material
behaviour of polycrystalline materials. Par-
ticularly, monochromatic high-energy paral-
lel synchrotron beam 3DXRD and high-en-
ergy diffraction microscopy are techniques
developed at and remain accessible at syn-
chrotrons. These methods typically allow
us to determine the grain maps describing
grain-averaged orientation, intra-granular
orientation, shape, size, strain, etc. More
recently, these methods have been imple-
mented using polychromatic divergent X-ray
tubes on laboratory X-ray microscopes,
allowing to obtain the grain centroid and
crystallographic orientations. However, the
grain shape and morphology is then typi-
cally modelled and estimated via algebraic
reconstruction techniques. Fast geometric
indexing is a versatile reconstruction diffrac-
tion model presented in this study for grain
mapping, where individual grain scattering
contributions are treated independently
and the acquired data are reduced to bina-
rized diffraction contrast patterns. To opti-
mize the crystallographic orientation for
each grain, the diffraction geometry is rig-
orously exploited by systematic traversing
of the sample space followed by successive
indexing and grain by grain mapping. This
tailors the implementation of the reconstruc-
tion scheme resolving grain morphology and
crystallographic orientation, particularly for
LabDCT data.

Fast geometric indexing - data
acquisition and implementation

A ZEISS Xradia 520 Versa X-ray microscope,
equipped with a specialized LabDCT imaging

modality, has been used for grain mapping.
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Figure 1 shows the LabDCT setup, where
the sample is placed on a micro-positioning
rotation stage equidistant from the trans-
mission-type micro-focus tube producing
a polychromatic white cone beam source
and the detector. An aperture mounted in
front of the X-ray source defines a narrow
cone beam that limits illumination to just
the sample. Further down the X-ray beam,
an in-line beam-stop shields the high-sen-
sitivity scintillator from overexposure by the
direct X-ray beam, there by allowing dif-
fracted signals to be recorded at enhanced
contrast in the remaining part of the scintil-
lator. The first step of data acquisition is to
determine the illuminated sample volume
using conventional absorption contrast
tomography, where symmetric 1:1 distance
ratio corresponds to a geometric magnifica-
tion of factor 2. The second step includes
determining the same illuminated volume
via diffraction contrast tomography with the
identical acquisition geometry, and record-
ing diffraction contrast patterns (usually
>181) acquired by rotating the sample once
~2° or finer steps. The elongated diffraction
spots are formed on the detector due to the
Laue-focusing effect and a higher number of
Laue spots can be recorded with less over-
lap and a higher signal-to-noise ratio on the
same projection. Adjusting the illuminated
volume and pattern quality by using differ-
ent-sized apertures and beam stops can con-
trol the information of diffraction contrast
patterns formed on the detector.

The acquired experimental data is used
to extract the scattering volume via standard
segmentation methods. The extraction of
binarized diffraction contrast patterns from
the raw projection images consists of back-
ground correction, exclusion of the beam
stop area, followed by a binarization of the
pre-corrected diffraction contrast patterns
using a Laplacian of Gaussian segmenta-
tion approach, which in turn influences the
reconstruction quality. Usually, >15 recipro-
cal-space vectors correspond to three (BCC)

or four (FCC, HCP) strongest {hkl} lattice
plane families are required for indexing, i.e.
to produce a reliable grain map that identi-
fies any possible pseudo-twin orientations.
This fast geometric indexing reconstruction
algorithm is discretized on a voxelated vol-
ume of arbitrary choice, where a top-down
hierarchical cubic close-packing subdivision
into a set of levels is used to recognize the
set of locations to be traversed systemat-
ically. This reconstruction is successively
refined level by level and this procedure is
implemented in the workflow-based com-
mercially available software package Grain-
Mapper3D.

Fast geometric indexing — grain
mapping and algorithm

Please refer to the full version of this article
for further insights into the mathematical
description of the reconstruction algorithm.

Results and discussion

To demonstrate the capabilities of LabDCT
using the reconstruction algorithm, a cylin-
drical aluminium rod (1400 micrometers
gauge diameter) having grain boundaries
decorated with copper was chosen as a
model material system. A standard pin vise
was used to mount the sample on the rota-
tional stage being positioned 14 mm away
from both source and detector, and the
scans were performed at 160 kV accelerat-
ing voltage and 62 mA current. Both absorp-
tion and LabDCT scans were acquired with
1601 projections of 1s exposure time and
181 projections collected at 2° steps with
300s exposure time respectively as illustrated
in Figure 2. The absorption and LabDCT scan
volumes were 380 um x 1100 um and 0.573
mm of the aluminium rod respectively. The
{111}, {200}, {220} and {311} lattice planes
were selected for indexing with 4, 3, 6 and
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Fig. 1: Setup of the LabDCT imaging modality.

Fig. 2: (Left) Acquired absorption projection and (right) diffraction

contrast pattern.

12 reciprocal-space vectors respectively.
The initial reconstruction was based on the
instrument calibration, which was further
improved via self-consistent fitting and min-
imization of the residuals between observed
and forward simulated diffraction spots.
Figure 3 shows the reconstruction per-
formance of different levels using the recon-
struction parameters trust completeness
Cirust = 85%, minimum completeness Cpin
= 45% and drop-off = 2% for 5 pm and
10 um voxel edge lengths. The reconstruc-
tion algorithm starts with coarse sampling
from top-level L7 and refined sampling is
continued up to down-level L2 till a grad-
ual filling up of volume with reconstructed
grains is noticed. Most information on the
reconstructed crystallographic microstruc-
ture is gained after completing indexing of

level L4, where more than half of all voxels
have a completeness >80%. Figure 4 shows
a good agreement along grain boundaries
after overlaying the absorption contrast data
of Al-Cu sample with 168 um average spher-
ical grain diameter on top of the LabDCT
reconstruction. The forward-projected out-
line of the first four lattice planes used for
indexing of grain boundaries in the recon-
structed microstructure describes most of
the binarized diffraction spots and reveals a
good agreement in position, size, and shape.
Generally, low-angle grain boundaries are
found not to be decorated with Cu and thus
can only be revealed by LabDCT. Grain clus-
ters with low-angle grain boundaries above
~0.05° can be distinguished, clearly sepa-
rated, and validated in the forward projec-
tion as observed in Figure 5.

- Detector
Beam Stop

As the reconstruction scheme is formu-
lated in a general framework and indepen-
dent of the acquisition geometry and X-ray
spectrum used, thus it could be adapted
to the classical synchrotron 3DXRD or DCT
techniques, where parallel monochromatic
beams are used instead of a polychromatic
beam. However, a polychromatic beam
forms more complex diffraction contrast
patterns and reveals more information cap-
tured simultaneously than a monochromatic
beam, therefore grain size, mosaicity, and
lattice deformation can significantly limit the
use of classical synchrotron technique in this
case. Typically LabDCT is capable to resolve
only 2 — 3 times higher spherical grain diam-
eter than a synchrotron DCT and this corre-
sponds to a minimum grain size of >20 - 40
um depending on the diffracted intensities.
The Laue-focusing effect enables the elon-
gation of the diffraction spots and main-
tains an acceptable degree of spot overlap-
ping allowing up to 400-500 grains to be
illuminated. The diffraction spots become
extractable and separable on the detector
after a certain point. A reduction of illumi-
nated volume also limits the lattice defects,
deformation, and mosaicity that affects the
pattern quality. The increase in angular sen-
sitivity due to Laue-focusing geometry can
resolve sub-grain boundaries >0.05-0.1° by
adjusting working distances, sample, and
grain sizes. Thus appropriate binarization of
the diffraction contrast patterns is a critical
step to avoid any over or under segmenta-
tion jeopardizing the completeness. Over-
all, the well-established absorption tomogra-
phy reconstruction shows a good agreement
with and is complemented by this LabDCT
reconstruction scheme.
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Fig. 3: (Top) Completeness maps with 5 and 10 um resolution through reconstruction levels L7 to L2 and their
corresponding (bottom left) reconstruction time and (bottom right) average completeness, 5 and 95% complete-
ness percentiles.

Fig. 4: (Left) Overlay of absorption and colour-coded LabDCT reconstruction and (right) binarized diffraction images
(red) and forward-projection outline (green) of the diffraction spot.
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Fig. 5: Grain cluster with low-angle grain boundaries and samples of their forward-projected convex hulls, coloured according to
the grain.

Summary

A versatile fast geometric indexing recon-
struction scheme is discussed to capture
the crystallographic orientation and mor-
phology of a polycrystalline microstructure
via LabDCT. Laue-focusing geometry is used
to record the diffraction contrast patterns,

Digest of

which expose the grain shape information.
The correctness of this information is fur-
ther verified using an absorption contrast
reconstruction and large grain maps can be
stitched together from several reconstruc-
tions. Both absorption and phase contrast
reconstructions can be combined with the
LabDCT reconstruction enabling correlative

analysis and this reconstruction scheme suc-
cessively traverses and refines solution space
until a realistic reconstruction is reached. The
LabDCT implementation concludes the gap
to synchrotron grain mapping and produces
fast and efficient results.

Bachmann F, Bale H, Gueninchault N, Holzner C, Lauridsen EM; 3D grain reconstruction from laboratory diffraction contrast tomography; Journal of

Applied Crystallography 2019, 52.

https:/lonlinelibrary.wiley.com/iucr/doi/10.1107/S1600576719005442
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Advanced Microscopy Characterization
of Metals and Alloys

An Interview with Kaoru Sato

Kaoru Sato joined Nippon Kokan KK (NKK, predecessor of JFE Steel) in 1981.
After he received a PhD from the University of Cambridge, UK, in 1989, he
worked at JFE Steel as the General Manager of the Analysis & Characterisa-
tion Research Department. In 2011 he advanced to Principal Researcher at JFE
Steel Corporation. From 2016 onwards, he has worked as a fellow of JFE-TEC,
specializing in electron microscopy and microbeam analysis of material/surface
design. He is also actively engaged in advanced analysis using synchrotron

radiation and neutrons.

Here Dr Sato draws on his years of experience to share with us his views on
current key issues in metal and alloy analysis, together with his expectations

for the future.

Dr Sato-San, it seems like there is a
strong momentum in the field of tradi-
tional metals and alloys, with research
interest picking up both in academia and
industry. Can you share your view about
the driver for such a strong push?
When | give a talk on metals/steel to non-ex-
perts, | often quote Sir Alan Cottrell’s
remark:"]

“Above all, there remains the continuing
challenge of steel. For many reasons - an
abundance of rich and reducible ores, high
intrinsic strength and melting point, ease of
alloying and richness of phase transforma-
tion behaviour - steel remains by far the best
source of cheap, reliable tensile strength,
and is unlikely ever to be overtaken in this
'mass-market' role.”

It's encouraging that scientists are study-
ing so called nano-tech materials such as

carbon-nanotubes or cellulose nanofibres
however it is unlikely that these materials
will be used to a large degree in, for exam-
ple, automobile production for several more
decades. Demands for metal and steel are
huge: developing countries need more steel.
Not only the quantity but also the quality
is vital. An article on Tokyo Skytreel? high-
lights how the development of steel contrib-
uted to construction of this piece of modern
architecture.

Limited amounts of rare metals and pre-
cious metals are available, and new alloy
designs are vital to minimize the use of those
metals for heat-resistant metals, magnets
and catalysts.

In your opinion, what are the burning
issues within the metals and alloys that

are being addressed by academic and
industrial researchers?

Our understanding of metals and alloys is
still limited and the scope for future study
is vast. Recent investigations suggest a new
deformation mechanism for magnesium
alloys. High-entropy alloys are of high inter-
est among academia. We need an in-depth
knowledge to make various materials with
minimum addition of rare metals or precious
metals. The role of H, B and C in steel is yet
to be studied.

What do you consider as the significant
milestones in the development of imag-
ing technology for materials character-
ization that have and will continue to
impact traditional metals research?

Imaging sciences have seen great advance-
ment in this last half a century. Bright pri-

See the wood and the trees: Application to additive manufactured 316L stainless steel. Electron channelling contrast image (ECCl)
reveals inhomogeneous strain distributions at low (left) and medium (centre) magnifications. Dislocation cell structures are discerned at

high magnification (right).

Copyright © 2022 JFE Techno-Research Corporation. All Rights Reserved.
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mary beams, such as filed-emission gun
and synchrotron sources, are routinely
used today. Aberration correction in TEM
and beam-deceleration optics, together
with in-lens image detection in SEM, have
dramatically improved the power of elec-
tron microscopy. We have strengthened our
knowledge of atomic, interface and surface
microstructures. Enhancements in light
elements such as H, Li, B and C detection,
detection and visualization of low-concen-
tration elements in alloys, 3D imaging and
in situ capabilities will give additional value
to electron microscopy.

What are the benefits of your research
with regard to the engineering materi-
als supply of the future? What visions
do you have for this?

Power of multiple detectors: Applica-
tion to Fe-Nd-B magnet. In-lens back-
scattered electron, E-T and In-lens sec-
ondary electron detectors give
compositional, topographic and mag-
netic contrast, respectively (from top
to bottom).

Copyright © 2022 JFE Techno-Research Corporation.
All Rights Reserved.
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My motto is “What cannot be seen or
measured cannot be controlled”, and this
appears on the JFE-TEC webpage. | have a
strong belief in observational science. Unless
you understand or measure, you are not able
to control. Let me emphasize that “It is not
easy to find something in the total darkness,
Microscopy is like light.”

SEM is truly a powerful method. It allows
observations from below x100 to above
x100,000, thus you can see the wood and
the trees, which is very important for engi-
neering materials. We have been promoting
imaging at the “sweet spot”. In this con-
text the ZEISS Gemini column was an eye-
opener. This innovative instrument is giving
new insights into understanding microstruc-
ture by providing unique image contrasts.

Through use of enhanced imaging and
the analytical capabilities that | mentioned
in the previous section, we will be able to
contribute to sustainable development goals
(SDGs) by designing alloys with minimum
environmental loads.

You work extensively with electron
microscopy and microbeam analysis.
What advantages does this method
offer you in your work and which areas
of application have not yet exhausted
the potential of this technology in your
opinion?

Materials properties (e.g. mechanical and
electrical properties) are governed by micro-
structure. Consequently, chemical bulk anal-
ysis alone cannot elucidate properties. A
variety of methods using electrons, X-rays
and neutrons can be successfully applied to
the understanding of both hard and soft
materials.

JFE-TEC work with many clients in the
field of heat-resistant alloys, batteries, mag-
nets and catalysts in order to achieve SDGs.

Atomic-level characterizations have
become routine and they are contributing
to material design. However, our challenges
continue: we want to see atoms in motion,
how materials break or corrode, and how
the structure changes at elevated tempera-
tures.

What has been your most important
insight into metals and advanced mate-
rials technology to date, where modern
imaging methods have served you well?
We have succeeded in developing novel
steel products, including high-strength
and high-formability steel and excellent
press-formability surface coatings. Both TEM
and SEM have played a crucial role in this
development. It is indeed the nanostructure
that governs properties. We are proud that

we can stably produce nanostructure-con-
trolled steel products in large volumes.

JFE-TEC have been promoting imaging at
the “sweet spot”. Apart from topographic
information, SEM can give richer informa-
tion provided you optimize the signal detec-
tion. This technique gives true surface infor-
mation and a quick-and-handy assessment
of precipitates in heat-resistant alloys.

What expectations do you have of
equipment and software development
with regard to the further improvement
of microscopic analyses in your research
area?

In situ/operando observation for both dry
and wet specimens should be strengthened.
Light elements and minor elements detec-
tion are another issue. To achieve this goal,
further integration of the microscope and
analytical instruments/in situ attachment
will be crucial. Microscope manufacturers
and analytical instruments companies should
work more closely together in order to opti-
mize their instruments.

Today we are dealing with more and
more data: Giga-sized image acquisition has
become routine, and we cannot inspect such
huge data manually. Al or machine learn-
ing and implementation of automatic data
inspection are strongly required.

Further integration of microscopes
and analytical instruments will come. This
will improve, for example, the detectabil-
ity of low-concentration elements. Auto-
mated image acquisition and inspection of
high-precision micrographs will be realized.
Stored images will be archived and utilized
as large databases.
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